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ABSTRACT 
The Iron rich portion of the Fe-Ni-C ternary phase diagram 
(£ 6.67 wt.% C, <: 20.0 wt.% Ni) was determined at 1003K, 923K, 
873K and 773K. The phase boundaries and tie-lines of the a + y, 
01 + (Fe, Ni)„C, and y + (Fe, Ni)„C phase fields and the three phase 
a +  Y "•" (Fe> Ni)_C field were measured by microprobe techniques. 
Different heat treatments were required to produce samples useful 
for diagram determination. The two phase (a  or y + carbide) 
assemblages were formed by a controlled slow cool (25 K/hr.) from 
the austenization temperature to the temperature of interest. Other 
heat treatments produced a  or y +  graphite. The same slow cooling 
cycle was used to produce the three phase ar + y + carbide alloys. 
The two phase a + y alloys were obtained by heating directly from 
room temperature into the a  + y region. Adding Ni to Fe-C alloys 
shifts the eutectoid transformation to lower temperatures and lower 
carbon contents. Adding 6 wt.% Ni decreases the ternary decomposition 
reaction, y -» a + Y + (Fe Ni)„C from the Fe-C binary by ~ 48 K to 
948K and the C content from the Fe-C binary at 0.77 wt.% C to 0.14 
wt.7o C.  Increasing the bulk Ni also expands the a + y field. Adding 
6 wt.7o Ni or more entirely eliminates the a + carbide two phase field. 
The addition of C to Fe-Ni alloys suppresses the y -• a  + y  transfor- 
mation and the (a  + y)^Y solvus line is shifted to lower Ni contents. 
INTRODUCTION 
Metallic particles have been observed in meteorites, lu^ar rocks, 
and lunar soils. These metallic particles are predominantly iron- 
nickel with small amounts of other elements including Co, P, S, and C. 
In iron meteorites several types of carbides have been observed, 
including cohenite, (FeNi)_C, and haxonite,  (FeNi)00C,. Recently, J L5   b 
quantitative analyses of the carbides, and their surrounding metal 
2 
matrix, of lunar origin have also been obtained.  In the lunar samples 
cohenite was the only carbide detected. This work is specifically aimed 
at understanding the metal-carbide assemblages which have been observed 
3 4 in iron meteorites and lunar soils and rocks. 
To understand the thermal histories of the metal-carbide assem- 
blages the pertinent Fe-Ni-C phase diagram is essential. The phase 
diagram must be available over the composition and temperature range 
which contains the carbide bearing iron meteorites and lunar samples. 
Such a ternary diagram is however not available. The major reason 
for this is that cohenite is thermodynamically metastable, as is the 
Fe-C analog, Fe»C, cementite, which is found in commercial steels. 
It will decompose into (FeNi) metal plus graphite at all temperatures 
at one atmosphere pressure. 
The purpose of this study is to determine the metastable Fe-Ni-C 
phase diagram by evaluating the compositional relationships between 
a,  y> anc* (FeNi)_C as a function of temperature. Suitable heat treat- 
ments are developed to nucleate and grow the metastable cohenite phase. 
2 
The iron rich corner is the portion of the diagram to be investigated 
with composition ranges up to 20 wt.% Ni and 6.67 wt.% C (stiochio- 
metric cohenite). The 1003 K (730°C), 923 K (650°C), 873 K (600DC), 
and 773 K (500°C) isotherms are determined. 
The electron microprobe (EMP) was employed to determine the 
"5 6 
phase diagram from the experimentally grown phase assemblages. ' 
Concentration profiles were measured across the phase boundaries and 
tie-lines determined from the phase composition and the interface. 
Microstructural analysis of the alloys was also used to determine the 
reaction paths (y •*♦ daughter phases) which produced each type of phase 
assemblage. 
The precise phase diagram will be useful in determining the equili- 
bration  temperature of a sample and perhaps its cooling rate.  In 
addition the phase diagram may be useful in understanding the tempera- 
ture and composition dependence for the formation of haxonite. The 
diagram will also be of limited use in analyzing the phases observed 
in alloy steels which contain nickel and carbon. However, the appli- 
cability of the phase diagram to steels will only be qualitative because 
the steels contain small amounts of other elements, including Mn and 
perhaps Mo, Cr, and V. 
BACKGROUND 
Despite the usefulness of the Fe-Ni-C phase diagram in the solid 
phase temperature region, it has not yet been determined. Two key prob- 
lems have prevented prior determination;  (a)  thermodynamically 
unstable Fe„C is rendered even less stable by the graphitizing effect 
of Ni, which gives rise to experimental and interpretive difficulties; 
and (b) the trans format ion (y -**a)  is so sluggish at low temperatures 
that establishment of equilibrium in a reasonable time is either 
difficult or impossible. The first problem can be controlled by 
selecting a heat treatment which favors the nucleation and initial 
growth of carbide over graphite. The second problem involves determing 
tie-lines when bulk equilibrium has not yet been attained.  Tie-line 
determination under such conditions is possible with the electron 
microprobe. 
A. Electron Microprobe Analysis 
One important advantage of this technique is that one can determine 
equilibrium tie-lines even when the bulk phases are not in equilibrium 
The validity of this concept is based on the assumption of local 
equilibrium at the two phase interface. This concept can be used to 
applied to the Fe-Ni-C system. The carbide phase will decompose if 
one attempts to use heat treatments long enough to produce homogeneous 
phases. Hence, concentration profiles are to be expected in the metal 
matrix into which the carbide is growing. Also, Ni diffusion in the 
face centered cubic y phase is slower than in the body centered cubic a 
phase, so concentration gradients may be expected at a/y  interfaces 
when a  is growing into y 
Two techniques have been developed to produce samples suitable 
for microprobe analysis:  (1) diffusion couples and (2) bulk alloy 
heat treatment.. 
The heat treatment method, which is applicable here, involves 
isothermally heat treating an alloy within a two or three phase field. 
Before the phase growth heat treatment, the sample should be one phase 
and compositionally homogeneous. A second, and perhaps third, phase 
is then obtained by a specified heat treatment cycle. 
After heat treatment, the resulting phase composition is measured 
with the microprobe.  In this case, where the bulk alloy is not equili- 
brated, appropriate tie-line endpoints can be determined if local 
Q 
equilibrium is maintained at the interface and if composition gradients 
are small. The basic requirement is that the interface compositions 
be resolvable by the microprobe. The concentration gradients which 
result must not be too steep or accurate extrapolation to the two 
phase interface cannot be done. 
For ternary two phase alloys the measured tie-lines do not go 
through the bulk alloy composition unless the sample is completely 
equilibrated during heat treatment. The requirements of mass conser- 
vation and local interface equilibrium in ternary systems permit phase 
growth to occur by continuous adjustment in the tie-line selected and 
9 10 in the growth of the precipitate. ' 
After the heat treatment cycle the sample is mounted and polished 
with standard metallographic techniques.  Etching, surface marking, 
and repolishing may be necessary if the microstructure cannot be seen 
in the as-polished condition. The sample is then coated with a thin 
conducting layer to prevent charging during EMP analysis. 
To obtain the most meaningful results from the electronmicroprobe 
analysis the operating conditions must be optimized.  Operating poten- 
tial, sample current, and counting time are the most critical parameters. 
The optimization of these paramters has been discussed in detail and 
will only be described briefly in this paper. 
A ratio of operating voltage to excitation potential for the 
measured characteristic X-ray lines of approximately 2 to 3 is desirable 
in order to maximize peak to background ratios and minimize the X-ray 
source size-resolution. Hence, if the characteristic X-rays being 
detected vary greatly in excitation potential, a multiple analysis 
at more than one operating potential may be necessary. This is the 
case for the Fe-Ni-C system where the excitation energy for the K 
CK 
lines for Fe.Ni and C are 6.404, 7.978, and 0.277 keV, respectively.12 
The sample current is chosen so that X-ray counts are maximized 
for a statistically meaningful analysis without greatly increasing 
the electron beam size.  Count times must be sufficiently long to 
allow the collection of enough X-ray counts for statistically meaning- 
ful results. The total number of counts accumulated is the critical 
variable in determining the detectability limit and sensitivity for 
each element in the analysis. The X-rays generated may be detected 
by either wavelength dispersive or energy dispersive spectrometers. 
6 
Both systems have specific advantages and the choice will depend 
on the alloy system.  For example, in systems containing light 
elements and/or overlapping spectra the wavelength dispersive spec- 
trometer would most likely be selected. 
The operating conditions used for this study and the reasons 
for their selection are presented in the Experimental Procedure 
portion of this paper. Sample preparation details are also presented 
in that section.  Consideration of the accuracy of the technique is 
in the Discussion. 
B.  Occurence of (FeNi)-C 
Meteoritic Cohenite;  Carbides, of various types, are not 
uncommon in iron meteorites. Table 1 summarizes the occurence of 
13 
carbides.   Cohenite is the most common carbide, occuring in 17% of 
all well documented irons. Haxonite, only recently identified by 
4 
Scott , is less common, occuring in only 7.5% of all well documented 
irons. Haxonite and cohenite occasionally exist simultaneously in the 
same meteorite, although haxonite is usually associated with higher 
bulk Ni content meteorites. 
Table   1 
13 Meteoritic Carbide Summary (from Buchwald) 
Group 
Total Number 
of Meteorites Cohenite 
Carbide Type 
Haxonite 
Carbide 
Decomposing to 
Graphite 
I 69 43 13 7 
I anamalous 19 5 6 0 
II A 43 13 4 3 
II B 14 7 1 1 
II C 7 0 0 0 
II D 11 0 1 0 
III A 117 4 0 1 
III B 40 0 0  , 0 
III C 6 1 3 0 
III D 5 3 2 0 
III E 7 0 4 2 
IV A 39 0 0 0 
IV B 11 0 0 0 
Anamalous 
TOTAL 
92 5 2 1 
480 81 36 6 
Occurence 
Percentage 
17% 7.5% 1.3% 
2 Lunar Cohenite:  Cohenite has also been identified and quantita- 
3 
tively analyzed in the metallic phases present in lunar soil fines 
and rocks. The phase morphology is not unlike that observed in 
meteoritic samples. The carbides tend to be large bulky precipitates, 
and do not form in the pearlitic structure observed in the more 
rapidly cooled man-made steels. As in meteorites, the carbides 
are almost always associated with ferrite. The results of the 
quantitative lunar carbide analysis will be evaluated in reference 
to the phase diagram in the Discussion section. 
Terrestrial Cohenite:  Carbide has also been identified and analyzed 
14 in terrestrial rocks,   in the metallic masses found in the basaltic 
rocks of Disko Island, West Greenland.  The phase assemblage mor- 
phology, a  plus carbide, is similar to that found in iron meteorites, 
and the (FeNi)„C contains up to 3.14 wt.% Ni. 
Nickel Bearing Ferrous Alloys:  The final area of applicability 
of the Fe-Ni-C phase diagram is in analyzing the phase relationships 
in Ni bearing steels.  Examples include Fe-Ni based superalloys, 
and various low alloy steels, SAE 43XX, 46XX, 48XX, and 8XXX. How- 
ever, in all cases additional elements are present including Mn, 
Si, P and S. Whether intentional alloying additions or residuals, 
these elements may be present in levels high enough to alter the 
coexisting phase compositions predicted by the simple ternary. 
If Ni and C are the principal solute elements some information 
regarding what phase is present at a given temperature and Ni content 
10 
may be obtainable. 
The principal functions of Ni as an alloying element are: 
(a)  renders high chromium compositions austenitic; (b)  produces 
steels of moderate to high hardenability (depending on other 
elements).  They have relatively low required heating temperature 
and high toughness as tempered, especially at low testing tempera- 
ture; (c) promotes toughness in perlitic-ferritic steels.  (Very 
high nickel alloys have special thermal-expansion and magnetic 
properties.) 
Thermodynamic Character of Cohenite:  An important characteristic 
of cohenite, is its thermodynamic instability.  Over all solid 
state temperatures it will decompose to form metal plus graphite, 
given sufficient time.  Cementite, Fe_C, is metastable with respect 
to iron plus graphite.  For 
Fe C - 3Fe + C 
AG° = -26700+ 24.77T joules, (1) 
which is valid over the temperature range of interest, 773 K to 
1003 K, for which AG° varies from -7550J to -1850J, 
Ni„C has also been prepared experimentally,   but it too is 
thermodynamically unstable.  For 
Ni C - 3Ni + C 
AG° = -33900+ 7.11T joules,?"8 (2) 
which also is valid over the temperature range of interest, 773 K 
11 
to 1003 K, for which AG° varies from -28400J to -26800J. It is 
not unreasonable then to assume that cohenite, (FeNi)„C is also 
thermodynamically unstable. 
If these compounds are thermodynamically unstable, why do 
they ever form?  Due to the lower activation energy, the nucleation 
of carbides occurs preferentially to graphite.   For Fe-C alloys, 
on cooling from the high temperature y field it is energetically 
more favorable for the carbon to come out of solution as a carbide 
than as graphite. The reason for cohenite formation is similar, 
but the acceptable range of cooling rates over which cohenite will 
nucleate and grow relative to graphite is considerably more restric- 
tive than the cooling rate range over which cementite will form 
relative to graphite.  In all cases, at one atmosphere pressure, 
holding the alloy for long time in any one of the metal plus 
graphite regions will cause decomposition. The a +  cohenite, 
y + cohenite, and ternary a  4- y + cohenite assemblages will break 
down to form a  + graphite, y + graphite, and a + y + graphite, 
respectively.  The time required for decomposition is a purely 
kinetic consideration. At room temperature the time required for 
decomposition approaches infinity, while in the temperature range 
being investigated here decomposition times may be on the order 
of tens or perhaps hundreds of hours.  The decomposition time is 
also a function of composition; carbon, and especially Ni content. 
The graphitization phenomenon has been extensively studied 
in ferrous alloys.  For the graphitization of Fe-C alloys in the 
12 
a  + carbide phase field and at temperatures less than 996 K 
19 graphitization can be described by 
f(g) = 1 - exp(-ktn), (3) 
where f(g) is the fraction graphitized, t is time, and n and k 
are constants which are functions of temperature and composition. 
The addition of Ni to Fe-C alloys promotes graphitization by 
20 
enhancing the rate of graphite nucleation. 
Although cohenite may be expected to form at some point in the 
history of a meteorite or lunar sample, what has stabilized it? How 
could it have survived millions of years at elevated temperatures 
without decomposition to the thermodynamically stable state of 
metal + graphite? One possible factor in the stabilization of 
21 22 
cohenite is high pressure, as discussed by Ringwood  '  .  It is 
argued that the only way in which cohenite can survive the long 
cooling time experienced by iron meteorites is to be stabilized by 
high pressures, on the order of 2500MPa (25,000 atm), which would 
require the crystallization of irons within a body of lunar dimen- 
sions. The effect of pressure will change the sign of the free 
23 
energy equation. However, other investigators  have attempted to 
demonstrate that pressure is not required, but rather that crystal- 
line perfection retards graphite nucleation and hence slows the 
graphitization of cohenite by a factor of 10 . 
Considering current theories on parent body size and the 
present state of nucleation theory the crystalline perfection theory 
13 
seems most reasonable.  If the parent iron body, regardless of size, 
is held at an elevated temperature in the y field many of the metal- 
lurgical defects which would act as nucleation sites would disappear. 
Then on cooling, the cohenite would nucleate and grow in a matrix 
with a high level of crystalline perfection, and few sites would 
be left for the formation of graphite. 
Haxonite:  The (FeNi)„„C, carbide  is a structural analog to the 
(Cr,Fe,W,V,Mo) C, carbide commonly found in tool steels. Haxonite 
is less common than cohenite, having been positively identified in 
13 
only 36 iron meteorites  . Haxonite is Ni rich relative to cohenite. 
Average Ni content of meteoritic cohenite is 1 - 2.5 wt.% while 
24 haxonite contains 3.5 - 5.5 wt.% Ni.   Meteorites with high bulk 
Ni content also seem to form haxonite in preference to cohenite. 
(FeNi)_C is rare in meteorites which contain more than 8.3 wt.% Ni. 
Despite its occurrence in several meteorites, haxonite has never 
been identified in any metallic lunar samples.  Haxonite has yet 
to be grown in the laboratory, with isothermal or nonisothermal 
heat treatments. The conditions under which (FeNi)„„C, will form 2.5  o 
and the kinetics of the reaction are unknown. 
C.  Prior Investigations 
Binary Phase Relationships:  A great deal of information 
concerning the ternary phase diagram can be determined from consid- 
eration of the constituent binary diagrams. The three binary diagrams 
related to the Fe-Ni-C ternary phase diagram are known,and are pre- 
sented in Figure 1. ^4 
Figure 1 
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Figure 1 
(cont'd) 
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16 
These binary diagrams are useful because they fix the endpoints 
of the two-phase fields in the ternary, as the concentration of 
one of the components goes to zero.  The Fe-Ni diagram indicates 
a shifting of the a  + y field to higher Ni contents as temperature 
decreases. The two phase field also widens with respect to Ni 
content with decreasing temperature.  Similarly, the a + y field 
in the Fe-C binary widens with respect to C as temperature decreases. 
Most importantly austenite does not exist below 996 K. The Ni-C 
diagram does not contain a carbide and the only metallic phase 
present is y• The metal-carbon diagrams indicate decreasing carbon 
solubility in austenite as temperature decreases. 
Ternary Phase Relationships:  The Fe-Ni-C, or more correctly, 
Fe-Ni-(FeNi)„C, phase diagram has not previously been determined 
due to the inherent thermodynamic instability of the carbide and 
the slow diffusion of Ni in y-FeNi in the temperature range of 
interest.  However, some experimental data is available at higher 
temperatures.  The liquidus has been determined as has the solu- 
bility of graphite in Fe-Ni austenite. 
The first experimental data concerning solvus line determination 
28 is that of Samuel, Finch, and Rait.   The phase diagram, a vertical 
section, for YL  C - Fe alloys containing up to 16 wt.% Ni was deter- 
mined using dilatometry.  However, the diagram is not a true ternary 
since all the alloys also contained approximately 0.3 wt.% Mn and 
0.2 wt.% Si. The results of this investigation are shown in Figure 2. 
17 
Figure  2 
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The diagram below 1023 K (750°C) is especially useful to 
this study.  Increasing Ni solubility with decreasing temperature 
is apparent.  The difference in Ni content between austenite and 
ferrite increases as temperature decreases. 
Additional experimental data concerning ferrite-carbide 
29 
equilibrium in Fe-Ni-C has been provided by Hultgren.   The major 
emphasis of this work is on the isothermal behavior of the y  -» 
a +  (FeNi)„C transformation.  However, at 873 K, an a +  (FeNi) C 
tie-line can be constructed for the data. 
Figure 3a shows the composition of the carbide precipitates 
in a tempered martensite matrix in an Fe-4.97 Ni-0.5 C alloy. Note 
how the carbide composition changes with time. When the curve 
has flattened out the carbide has its equilibrium composition. 
The point of fixed carbide composition was reached only at 873 K 
(600°C). A tie-line can be constructed by drawing a line through 
the carbide composition (Fe-1.55 Ni-6.67 C) and the bulk composition. 
The ferrite composition can also be determined if one considered 
the mass fraction of each phase in the heat treated alloy.  For this 
alloy the carbide contains 1.55% Ni and ferrite contains 5.25% Ni. 
Figure 3b is a TTT diagram for the same alloy.  It indicates 
the time required for the y ~* & +   (FeNi)_C reaction as a function 
of temperature. The transformation proceeds most rapidly at 773 K 
(500°C).  The phase fields and the bainite start (B ), bainite 
s 
finish (B ), pearlite start (P ), and pearlite finish (Pf) and 
ferrite start (F ) lines are indicated, 
s 
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Figure 3a 
Experimental Data of Hultgren in Fe-Ni-C 
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Nickel Steel H 21 (C 0.50, Ni 4.977.).  Composition of Cementite 
During Tempering of Martensite.  Actual Time + 0.1 h. 
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Figure 3b 
Transformation Diagram for Steel H 21 (C 0.50, Ni.4.97%) 
Austenitizing Temperature 1300°C. 
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Hence, the most significant aspect of the TTT diagram research of 
Hultgren is that it gives some indication as to the heat treatment 
times required to produce a +  (FeNi)_C assemblages. 
The alloy studied by Hultgren is not a true ternary alloy. 
It contains 0.14 Si and 0.26 Mn as well.  What effect these solutes 
have on the tie-line endpoint compositions is unknown .  The 873 K 
tie-line of Hultgren will be compared to the results of this study. 
The limit of Ni solubility in cohenite is not known experimen- 
tally.  Lunar cohenite containing 7.0 wt.% Ni has been observed 
3 
in Apollo 17 soil fines.  Meteoretic cohenite apparently has a 
24 Ni content of 2-3 wt.%.   Terrestrial samples contain just over 
14 17 3 wt.% Ni.   However, since pure Ni„C has been synthesized  it 
is reasonable to expect a continuous solid solution series between 
Fe„C and Ni C.  In constructing the metastable Fe-Ni-(FeNi) C phase 
diagram carbon as graphite need not be included. 
The first attempt to produce a Fe-Ni-C diagram is that estim- 
30 
ated by Brett,   and is shown in Figure 4.  The diagram is an 
extrapolation from the known binary diagrams.  The known composi- 
tional relationship trends between ferrite and cohenite no doubt 
provide information on tie-line placement.  The major problem with 
the prediction is the mixing of stable and metastable phases on the 
same isotherm. 
The a + y field must also be considered.  Due to the slow 
diffusion of Ni through the y  phase, the time required to grow 
phase precipitates sufficiently large for electron microprobe analysis 
21 
Figure 4 
Fe-Ni-C Phase Diagram 
30 
The Fe-Ni-C phase diagram proposed by Brett.   The 
diagram is an extrapolation from the binaries tempered by 
observed compositional trends in meteorites. 
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25 is on the order of a month or more, depending on temperature. 
The nature of the heat treatment is also important here. Ni 
diffuses orders off magnitude faster in a  than in y.  If ot,  the Ni 
poor phase, is growing it will eliminate Ni faster than it can 
diffuse through the surrounding y matrix. This affect can lead to 
sharp concentration peaks at the interface. The spikes can be 
sharper than the resolving power of the electron microprobe, making 
accurate extrapolation of interface composition impossible. When 
carbon is present, the situation gets more complex. Carbon, being 
a very fast diffusing interstitial solute can quickly diffuse through 
austenite and ferrite. Hence, it is possible to have both 01  and y 
present, with differing C contents, but essentially equal Ni 
contents, except for a sharp interface spike. This condition of 
a sharp Ni buildup at the interface where carbon has adjusted between 
31 the phases is called paraequilibrium.   An analysis of this pheno- 
menon and a thermodynamic prediction of the a  + y tie-lines in 
31 Fe-Ni-C at 1003 K has been presented by Sharma and Kirkaldy,  as 
shown in Figure 5. 
The sharp interface discontinuity condition will arise with the 
a  phase growing into the y phase.  This occurs when the bulk alloy, 
initially all austenite, is cooled into the two phase a  + y field. 
The ferrite nucleates and grows into austenite; y -♦ oi + y. 
This problem can be avoided if the slow Ni diffusing phase, 
austenite, is the growing phase.  In the case where y is growing 
23 
Figure  5 
Calculated   Isotherm for Fe-Ni-C at 1003  K 31 
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into a,   the Ni can diffuse through the ferrite matrix fast enough 
to feed the growing Ni-rich austenite. This approach in which the 
sharp concentration spike at the or/y interface.is avoided has been 
32 
successfully demonstrated in the Fe-Ni-Co system.   To grow the 
y phase the alloy is quenched from austenite to form martensite. 
The alloy is then tempered so that martensite -» a + y.     In this 
case the Ni has no difficulty diffusing through the Ni-poor a  to the 
growing y. 
The results of several types of heat treatments used to grow 
the 01 + y  assemblages in this study and their use in constructing 
an isotherm will be discussed later. 
Analog Phase Diagram;  One final clue as to the form of the Fe-Ni- 
(FeNi)_C diagram may come from a ternary system which behaves 
similarly. A close analog is the Fe-Mn-C system. The reason for 
expecting a similarity to Fe-Ni-C is the strong likeness between the 
33 Fe-Ni and Fe-Mn binary  systems.  For comparison purposes the Fe-Mn 
diagram is shown in Figure 6. 
The most important area of the diagram is the low temperature 
(< 1200 K) and low Mn (< 40 wt.%) region. The a  + y  phase field 
is very similar to the ot + y  field in Fe-Ni, and the size of the 
field and the shape of the solvus lines are very similar. 
34 The ternary Fe-Mn-C system,  Figure 7, is well known. The 
system is less difficult to analyze than Fe-Ni-C because the Fe-Mn 
carbides are thermodynamically stable. This is a stable phase 
25 
Figure  6 
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diagram, so that the inclusion of both graphite and stable carbides 
is correct. Although a precise correspondance between these two 
ternary systems should not be expected, several interesting points 
are observed. 
In addition to the (FeMn),,C carbide, a haxonite analog, 
(FeMn)„oCfi exists. The Mn content of these carbides may give some 
indication as to the Ni content of the. FeNi carbides. The (FeMn) C 
carbide is richer in Mn than (FeMn)_C, just as haxonite is Ni rich 
relative to cohenite. 
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Figure 7 
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Figure 8 
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EXPERIMENTAL PROCEDURE 
A.  Experimental Design 
The objective of this thesis was to determine the Fe-rich 
corner of the metastable Fe-Ni-C diagram.  The maximum solute con- 
centrations of interest were 20 wt.% Ni and 6.67 wt.% C. The carbon 
limit is that which corresponds to stoichiometric cementite, and 
the Ni limit was chosen at 20 wt.% because few iron based commercial 
alloys contain more than this amount and iron meteorites which 
exceed this limit are rare. No lunar particles containing carbides 
have Ni concentrations above this limit.  The highest temperature, 
1003 K, was chosen because other experimental data on the ot + y 
31 
region was available at this temperature.   The lowest temperature, 
773 K was selected because below this temperature Ni diffusion is 
so slow that heat treatment times are unreasonable.  In addition, 
few steels are heat treated below this temperature and there is no 
evidence for any carbide in lunar particles to have had a temperature 
of a last equilibration below this temperature. 
Bulk alloy compositions were chosen with the aid of Brett's 
phase diagram, with the intention of placing several alloys in each 
two phase field, and at least one alloy in each three phase field. 
As the initial set of alloys were produced and analyzed additional 
alloys were prepared to complete the determination of any given 
multiphase field.  The alloys were induction melted from the pure 
elements, homogenized, and then given the appropriate phase growth 
30 
heat treatment.  Metallographic and electron micrprobe analysis 
followed.  Second phase precipitates of at least 3 urn in width 
are required for suitable probe analysis. 
B. Master Alloy Preparation 
All alloys were melted from the pure elements, iron, nickel, 
and carbon.  Pertinent information on the raw material is presented 
in Table 2. 
The metallic rods were cut to length with a jewelers saw, with 
the final Ni adjustment being made with Ni powder.  Graphite chips 
were then added to complete the desired alloy composition.  The com- 
ponents were weighed to the nearest 0.0001 grams, and the total heat 
weighed approximately five grams.  The charge was placed into a 
2 ml high purity A1„0 crucible (Coors Porcelain, Golden, Colorado). 
The alloys were then induction melted under a reducing atmosphere 
35 (Ar:H_ -20:1 by volume).  The melting tube  was fabricated from 
fused silica glass. A boron nitride block served as a support for 
the alumina crucible, as shown in Figure 9. Melting was done with 
a 30 kW Lepel high frequency generator. 
After several minutes of gas flushing the charge was melted. 
The heating rate was kept slow to prevent shattering of the crucible 
due to thermal shock.  The vapor pressure of all three elements 
was low, so material loss by vaporization was not a factor.  The 
molten liquid was held at least 100 K above the liquidus for a 
minimum of 5 minutes to allow for total dissolution of the graphite. 
31 
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Table 2 
Alloy Feed Material 
Impurity Levels (ppm) 
Fe 
99.999 rod 
5 mm (J 
Ni 
99.999 rod 
5 mm Q 
Ni 
99.9 powder 
(-100 mesh) 
C 
99.999 
chips 
Ni 
Si 
Al 
Ca 
Cr 
Cu 
Fe 
Mg 
Ag 
Mn 
C 
N 
Co 
0* 
CO* 
solvent 
2 
<1 
5 
70 ±3 
200 ±10 
solvent 
<1 
<1 
<1 
2 
15 
<1 
<1 
9±1 
1.2 ± .5 
<1 
solvent 
50 
300 
300 
1000 
500 
<1 
<1 
solvent 
* Removed in melting 
1. United Mineral Corp., New York 
2. Vendor Alpha Products, Beverly, Mass. 
3. Ultra Carbon, Bay City, Mich. 
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The sample was then quickly cooled.  The generator was totally 
detuned, and the sample allowed to cool for 2 minutes prior to 
total furnace shutdown.  The rapid cooling tended to produce 
porosity in the sample and the alumina crucible invariably shattered, 
but any possibility of graphite precipitation was eliminated.  The 
sample was allowed to remain in the protective atmosphere until it 
had cooled to room temperature. 
C.  Sample Homogenization 
Each alloy melted was homogenized at 1473 K (1200°C) ± 10 K 
for at least ten (10) days. Furnace temperature was monitored with 
a calibrated Pt-Ptl3Rh thermocouple.  To prevent decarburization and 
oxidation during the treatment each alloy was placed in an alumina 
crucible and vacuum encapsulated to approximately 2.7 Pa (20 microns) 
in fused silica tubing (18 mm O.D. x 15 mm I.D.).  A piece of tanatlum 
foil was placed into each capsule as an oxygen getter. At the homo- 
— 16 
genization temperature this yields an equilibrium P  = 4 x 10   Pa 
2 
— 91 1 fi (4 x 10  atm).  The low vapor pressure  of each component allowed 
the placement of more than one sample in each capsule.  The standard 
o -2 -4 
state partial pressures at 1273 K are:  p  =2.3x10  Pa (1.7x10 
torr), p„. =6.3x10  Pa (4.7x10   torr), and p„ nil. No evidence Ni C 
of elemental carbon transfer between alloys appeared. 
After the homogenization heat treatment the samples were 
quenched by crushing the capsules in cold water.  Each sample had 
been marked prior to the heat treatment to avoid confusion after 
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furnace withdrawal.  Each alloy was then quenched in liquid nitrogen 
(« 70 K) to minimize the amount of retained austenite.  The sample 
was essentially all martensite. 
The alloys were then sectioned into four (4) to eight (8) 
pieces with a low speed diamond saw.  One piece was mounted in 
epoxy for the microprobe homogeneity study.  The remaining pieces 
were stored in a dessicator until used for further heat treatment 
after homogeneity verification. 
To verify homogeneity each alloy was analyzed in the electron 
microprobe.  At least 20 random point counts of Ni were taken on 
each alloy.  Microprobe operating parameters were 20 Kv and 0.05 |lA 
sample current (S.C.). X-rays were measured for a time long enough to 
accumulate at least 100,000 counts.  This required count times no 
longer than 100 sec.   Since carbon diffuses so much more quickly 
in iron than nickel does in iron, the sample was assumed to be 
homogeneous with respect carbon if it was homogeneous with respect 
to nickel.  However, carbon was measured on each alloy (12.5 KV, 
0.05 A S.C.) at several points to precisely determine the alloy 
bulk composition.  The average Ni count was also used to determine 
bulk nickel content. 
With these data, the range of homogeneity, W.. , (wt.%), and 
the homogeneity level, ——, (%), were calculated. The range of 
homogeneity,   for a given l-o/ confidence level is given by 
"- " * 
c
 &-) 7 
35 
vhere C is the true weight fraction of the element of interest, 
n is the number of measurements, N is the average number of counts 
accumulated at each measurement, S  is the sample population standard 
l~a deviation and t  , is the student t value for a given confidence 
n-1 
level (99%, 95%, etc.) and n-1 is the number of degrees of freedom. 
The level of homogeneity,   for a given 1-ot  confidence level 
is given by 
± -~2 = ± S=±-    s  (100) (%) (5) 
C
      /n N   C 
It is more difficult to measure the same level of homogeneity 
as the concentration of an element in the sample decreases.  Although 
W,   is directly proportional to C, the value of S /N will increase 
i-cy c 
as the number of X-ray counts per point decreases.  Hence, tp obtain 
the same number of X-ray counts per point, the time of analysis must 
be increased.  In this study, a 99% confidence level was chosen 
and a level of homogeneity > 1.57« relative or a range of homogeneity 
>0.1% with respect to Ni was considered unacceptable. 
The details of the homogeneity study, including number of 
points measured, counting time, and level and range of homogeneity 
are presented in Table 3.  In addition this table lists all bulk 
alloys melted and their composition as determined with the electron 
microprobe. 
36 
0) -H ,3 § j:s 
0)  U-t 
f-5 
01 
o 45 c 
a*' <u 
•a 
3 
0) 
c 
0) 
o 
a 
<0 0) U 
01 
(0 
■u s 
T-< 1-1 
3 H 
CO 
01 
OS 
•a 
c 
n) 
c «z 
o 
•!-( 
4J 
■H 
to 
O 
a 
e 
o 
CJ 
M 4J ai 
rH CT> 
3 ^* 
03 
>> 
o 
■S 
3 
*   O 
HHSO>N004<fNtOlT|O>O00NnvONsO0NM\0h*N00^ 
NNHHrnHn^nnnHifiNONHHCMnojOHnHH 
oooooooooooooooooooooooooo 
oooooooooooooooooooooooooo 
(T>enr^\oooNcn'^a\<t-<}-inooininootnc^r^c^f--tioaNr-<cni--< 
oooooooooooooooooooooooooo 
^f^NvONNvOMvOvOvfOOOvOOONnmOJ^CONOONvfOO 
oocot-'oo^rHoor-ooe^cria»{Nvocr*oaooaN<)-o»-*oovoo 
cncsooocTtinvovocN^tooovocvivomo^aNONt^r-s^ONoovo 
t-4 r-l r-l   r-l   f*   r-t   r-l r-l r-l 
cnrocvJc^cr»cNi-*o^)f-icNjr^r--c^incNOh-.>^<f(NincnO<t^i 
<f<fcocNlcvicsi«^\0<rinoiricnvoro<N<!-rn<fin<tc*JCsiin^ro 
oooooooooooooooooooooooooo 
OOO   OOO   OOOOOOfnO<fOOOOvDO<fO\DOO 
r-li~(C^»-Hi-<f-^T-*i—IrHr-lf-Hi—I H   OJ   H   r-1   r-l   i-l r-l   CS   r-l r-l   i—I 
00'-l<}-C0inf^HvJ'\Ovt^CO\O<tCJCM(NNin\D(T<HcsJC0CM00 
r-rcor**.e\i<fr^r-tvo<T»0'Jcn-<fcy»o<t con\o>jinHvor^vo<fM 
^vOONNOOrnaDPICONOOvDlOtnNO^CQOfN^eMCO^NsO 
a<rs)ot>(MNWcoch*d-(^fONtncoiriH<tcn(^noO'<j:<tcn>Aco 
oo^<fu^u^inr^\o«^vOO^<toocvju^vornoxcAr^.vc>inino^ON 
r-l   r-t (OnNNHHH^H rW   H   H   PJ   H N   H 
oor*.r^r^r*.r-*r-a\coaor-aooocn  CT*r^r^r^-oooooor^r^r^r^.r- 
<J-O00OOO0000OOvO<f<J-C^00OOOCJOCvJOO^O00O 
iriininvooo^NnNOHO^<rHoiriONnmHnNN 
OOr-(r-4f-lr-IOOOOr-<r-lr-IOOO»-IOOr-lOOO»-*i-lr-l 
NnONHMnmNsJ'Ovt^vtOOOvt^HOH^ONN 
r^vocNics<tco^<t-ooOvou^r^ooc^-<fvoina^oof^->--i^inr->vo 
ic^cn<tu^^oi^"OOcr»o»-(c>jrn<tu^vDr^.oo<y»o<-<cscri<j-invo 
37 
u 
if! 
u  U 
oo en o co m 
o o o o o 
o o o o o 
S; 
3 
sz 
J3 « 
nj HI 
H sa 
NO   N(M   H 
N N   N M N 
o o o o o 
PI H oi c n 
oo r-« oo CT\ o 
<tooio"is 
CM r— oo O co 
<)• co <t m in 
o o o o o 
\D vD ^O ^O *0 
n oo o^ rn vo 
N PI N m r^ 
<J- P^ vo ID <f 
ON is >o -* » 
h. <tn m oo 
H H'N N N 
00 00 00 00 00 
NNNN N 
<t -tf <t <t -tf 
CM CM CM CM CM 
00 O 00 ON CO 
ro r-i r-- i>» co 
o co co <f \o 
r* oo <T* o *-* 
CM CM CM CO CO 
38 
D.  Heat Treatments 
Several heat treatments were utilized in the attempt to grow 
the ohase assemblages of interest: a  + M C, y + M_C, ct + y  and 
a + y + M_C.  The final nortion of any heat treatment must be 
isothermal so that a precise relationship between phase composition 
and temoerature can be obtained. 
Three basic heat treatment cycles are available for a given 
sample.  These heat treatment cycles are:  (A) Annealing cycle 
(HTA).  The sample, fully austenitized at a high temperature £>1273 K) 
is rapidly cooled to the temperature of interest (1003 K,  923 K, 
873 K, or 773 K), in the two or three phase field, and held at 
that temperature until sufficient phase growth occurs.  For metal 
+ carbide experiments the  following schedule was used.  The 1003 K 
alloys were annealed for 36 hrs., the 923 K alloys for 60 hrs., the 
873 K alloys for 96 hrs., and the 773 K alloys for 120 hrs. At the 
end of the cycle they were quenched into water and then immersed in 
liquid nitrogen, to minimize the amount of retained austenite.  When 
attempting to grow a +  y phase assemblages, the annealing time was 
30 days and 45 days for 1003 K and 923 K, respectively. No final 
designation code digit was used for these samples. This type of 
cycle is used to avoid unwanted phases from forming during heat 
treatment and to promote nucleation. 
(B) Quench and Anneal Cycle (HTB).  Following full austeniza- 
tion (1273 K) the sample is quenched into water. It is then cooled 
to 70 K to minimize retained austenite making it fully martensitic. 
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The sample is then placed into a furnace which has been preheated 
to the temperature of interest (in the two or three phase field). 
For both metal + carbide and <y + y  experiments the same time-tempera- 
ture combinations were used as in HTA.  The final digit of the 
designation code of alloys so treated is 1 (one).  This type of 
cycle is used to promote the nucleation of the phases of interest. 
(C) Controlled Cooling Cycle (HTC).  In this scheme, the 
sample, fully austenized at 1273 K is cooled to the temperature 
of interest (into a two or three phase field) by some continuous 
and/or step cooling sequence. Two successful sequences were used 
to grow-the metal + carbide assemblages. All 1003 K, y  + carbide, 
alloys were austenized for 24 hrs. (1273 K) and then cooled at 
25 K/hr. to 1003 K and held there for 36 hrs.  The final designation 
code digit for alloys so treated is 2 (two). At the lower tempera- 
tures the o; + carbide assemblages could be produced by cooling 
from 1273 K to the temperature of interest at 25 K/hr. and holding 
60 hrs., 96 hrs., and 120 hrs., for 923 K, 873 K, and 773 K respec- 
tively. At completion, the samples received the duplex (water/ 
liquid N„) quench. 
The higher bulk Ni (greater than 10 wt„7o), y +  carbide, alloys 
could not be grown with this sequence.  Every attempt to do so 
yielded y +  graphite. After many trials it was discovered that a 
two step process could be used to grow the y  + carbide assemblages. 
The alloys^after 24 hrs. at 1273 K were cooled at 25 K/hr. to 
1003 K and held there for 24 hrs. and the one-step cooled to the 
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temperature of interest.  Final annealing times, were 36 hrs., 
48 hrs., and 60 hrs., for 923 K, 873 K, and 773 K respectively. 
The alloys so treated have the number 4 (four) as the final digit 
in the sample designation code. 
To perform any of these heat treatments each homogenized 
sample was placed into a high purity alumina crucible and vacuum 
encapsulated in fused silica glass.  The crucible, silica tubing, 
and degree of evacuation were identical to those used in preparation 
for the homogenization heat treatment.  Tantalum foil was again 
used as an oxygen getter. 
Various furnace combinations were used for the heat treatments. 
The cooling cycle treatments were performed in a Marshall 1215 
furnace, 1573 K maximum temperature capacity, coupled to a Leeds 
and Northrup Trendtrak. Programmer.  For HTA experiments two furnaces 
were required. The sample was austenized in one furnace and then 
quickly transferred into another for the isothermal treatment. 
The austenizing treatment was done in a Multiunit Furnace, type 
HDH-3728-S with a Wheelco controller.  The isothermal treatment 
was done in the Marshall 1215.  Transfer time was approximately 
five (5) seconds, and calculations and experiments showed that 
this time was insufficient for the sample to cool to 1003 K. 
The long time quench and anneal treatment (HTB) use for 
oi + y alloys was done in the Multiunit furnace or a Marshall 7 
amp/1000°C furnace equipped with a Leeds and Northrup controller. 
In all cases the temperature was monitored with a calibrated 
41 
Pt-Ptl3Rh thermocouple placed next to each capsule. Temperatures 
were maintained to ± 0.5 K. Reported temperatures are accurate to 
± 2 K. 
To maintain positive identification of the samples through 
the various stages of heat treatment a code scheme was created, 
and is illustrated in Table 4. 
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TABLE 4 
Alloy Code Scheme 
Parent Alloys (Master heats) 
Ml through M31 
Daughter Alloys (Isothermal Heat Treatments) 
X    N    [jj    M 
X  -  Isothermal alloy 
N  - Sequence number; number of alloy 
in that series 
I|  - Letter code identifying isotherm 
A - 1003 K (730°C) 
B - 923 K (650°C) 
E - 873 K (600°C) 
D - 773 K (500°C) 
M - Thermal treatment 
blank - annealing cycle 
1 - quench and anneal 
2 - controlled cooling 
4    - controlled cooling 
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For any given isotherm and bulk composition the final phases 
produced, and their morphology, were a strong function of the heat 
treatment cycle.  The carbide phase was exceedingly difficult to 
nucleate and grow.  In most cases, graphite would preferentially 
nucleate and grow, deplete the metal phase of carbon and thereby 
preclude the formation of carbides,  Some cycles which did nucleate 
carbides produced carbides too small and dispersed for EMP analysis. 
When isothermal heat treatment times were lengthened in an attempt 
to coarsen the carbides, the carbides broke down in metal plus 
graphite.  Approximately one dozen time-temperature cycle combinations 
were tried to nucleate and grow the carbide phase at  each temperature 
of interest.  Only the cycles outlined in detail (HTA, HTB, and HTC) 
were successful.  At the conclusion of the experiments metal 4- 
graphite samples outnumbered metal + carbide samples by about 5:1. 
Most of the y + carbide samples also contained graphite.  The graphite 
was either a product of carbide decomposition or a phase which 
nucleated prior to or simultaneously with the carbide.  Graphite 
precipitation prior to carbide precipitation effectively reduces 
the bulk carbon content of the alloy.  Figure 10 illustrates the 
plight of a would-be carbide grower.  These alloys have identical 
compositions, but were heat treated differently. Alloy X9A2 was 
cooled from 1273 K to 1003 K at 25 K/hr. and held there for 36 hrs. 
prior to quenching.  It shows grain boundary carbides in a lath 
martensite matrix.  Alloy X9A was quenched after homogenization 
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Figure   10 
Alloy Microstructure 
Fe  -  6.0Ni  -   1.0C 
1003 K 
X9A2 X9A 
Martensite + Carbide 
Scale Bar = 45 ^im 
45 
Martensite + Graphite 
Scale Bar = 500 (j,m 
and then annealed at 1003 K for 36 hrs.  It shows graphite precipitates 
in a lath martensite matrix.  The sample has cracked at the grain 
boundaries either due to the quench or subsequent tempering. 
Additional difficulty was encountered in producing suitable 
a  + Y alloys as subjected to the annealing cycle (HTA). The a  and y 
phases differed in carbon content, but had identical Ni contents 
equal to the bulk alloy Ni content.  This is a consequence of the 
paraequilibrium phenomenon.  Experiments proved that this problem 
could be avoided by using the quench and anneal treatment, (HTB). 
All a +  v tie-lines determined, two at 1003 K and one at 923 K, 
were produced as a result of this quench and anneal heat treatment. 
A further evaluation of this problem is presented in the discussion. 
E.  Metallographic Techniques 
Following heat treatment each sample was mounted in epoxy. 
The samples were ground through 600 grit paper.  Polishing was done 
with diamond paste rather than alumina powder because the alumina 
tended to pit the samples and also produced a slight etching reaction 
which imparted surface relief to the samples.  Six |0.m diamond polish 
was used until all traces of the 600 grit paper were gone.  One |im 
diamond polish was then used until all six |j,m scratches were removed. 
Between each diamond polishing step the sample was ultrasonically 
cleaned in hot soapy water.  A brief hand buff (15 sec.) with 0.06 ^m 
alumina completed the polishing.  In most cases different phases 
could be identified in the as-polished condition because of slightly 
different reflectivities. For detailed examination each sample was 
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etched in freshly prepared 2% Nital (ethanol and HNO ).  In cases 
where individual phases could not be identified optically in the as- 
polished condition Knoop microhardness  indentations were made so 
that the sample could be properly oriented in the electron micro- 
probe.  The specimen was carefully examined and appropriate micro- 
graphs taken.  When required sketches were made as well. Following 
metallographic analysis all samples were polished from the one |0,m 
step forward to remove any surface relief caused by etching.  In 
this final polished step, all care was taken to avoid contact of the 
sample with any organic solvent (ethanol, methanol, acetone).  It 
was discovered that these agents dissolved a minute amount of the 
epoxy mounting medium and produced a carbon rich film which adhered 
to the surface of the metallic sample.  Since the sample was to be 
analyzed for carbon, this layer of contamination was unacceptable. 
The final 0.06 fj,m alumina buff was done prior to coating the 
sample with aluminum in a vacuum evaporator.  Experimental experience 
indicated that Al did not attenuate the X-rays generated by any of 
the elements of interest. 
Carbon Contamination:  One specific problem of analysis is carbon 
contamination.  In addition to the special preparation techniques 
and the Al coating, special operating techniques are required. A 
sample subjected to electron bombardment in a diffusion pumped 
vacuum gradually becomes covered with a contamination layer due to 
polymerization, under the action of the beam, of organic matter 
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absorbed on the surface.   The organic molecules come from the oil 
vapors of the vacuum pump and the outgassing of any organic material 
put in the instrument.  This effect leads to an increasing CL  count 
as a function of beam impingement time. 
Two techniques are available to avoid this problem.  The first 
41 is a cold finger,  which is a plate or rod cooled by liquid nitrogen 
inserted into the probe chamber.  The intent is that any organic 
molecules will be preferentially absorbed onto the cold finger 
relative to the warmer sample. The second technique, the one used 
in this investigation, is an air jet.  A low pressure jet of gas is 
directed onto the sample at the point of beam impingement.  Contam- 
ination is suppressed because the injected air oxidizes the hot carbon 
deposit and the high energy electron beam acts to produce an ion 
bombardment-sputtering condition.  The design of such an air jet 
42 has been described in detail by Duerr.   The contamination rate is 
essentially reduced to zero, and previously absorbed layers of con- 
tamination are often removed, as illustrated in Figure 11. 
In the system used here room air, dried by passing it through 
a desicant, was injected.  This degraded the vacuum in the probe 
-2 -4 to approximately 2.7-4x10 Pa (2-3x10 torr). The only adverse 
effect is a significant, but tolerable, reduction in filament life. 
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Figure 11 
Carbon Contamination 
Operation of air jet to eliminate C contamination 
on a pure Fe sample at 20 kV.  Carbon intensity is 
plotted versus time." 
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F.  Electron Probe Microanalysis 
In order to determine any ternary phase diagram where bulk 
equilibrium is not attained, the measurement of concentration 
gradients over distances of several microns is required. Since the 
interface is assumed to be in local equilibrium, interface composi- 
tions will correspond to the composition of tie-line endpoints. The 
determination of these gradients is possible with the EMP which 
measures the characteristic X-rays of the element present. The 
conversion of these X-ray intensities to weight percent is the 
key to quantitative analysis. a 
Selection of Operating Parameters: An optimization of excitation 
volume (spatial resolution) and a statistically meaningful number 
of X-ray counts is used to select the operating potential. Excita- 
tion volume increases with operating potential, thereby decreasing 
spatial resolution. However, an overvoltage of two to three times 
the characteristic line excitation potential is needed to maximize 
peak-to-background ratio. To meet these requirements each sample 
was analyzed twice,once at 20 kV for quantitative nickel measurements 
and once at 12.5 kV for carbon. The sample current and count time 
were selected after considering the number of counts required to 
attain the desired detectibility limit and analytical sensitivity. 
Tie-Line Determination:  Although compositions on a point by point 
basis can be determined, the measurement of a tie-line of tie-triangle 
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endpoints is not immediately obvious. An unavoidable problem in this 
particular system is the formation of concentration gradients, 
especially Ni in austenite. The times required to eliminate all 
nickel gradients are exceedingly long, and any attempt to do so 
would permit carbide decomposition. 
Despite the existence of these gradients the assumption of 
39 local interface equilibrium  allows tie-line determination. With 
this assumption one defines the tie-line endpoints as the interface 
compositions.  To do this one must resolve the interface composition. 
If the concentration gradient is not too steep, a mere extrapolation 
to the interface is acceptable. When concentration gradients are 
steep the smoothing of the concentration profile at the interface will 
be severe and a convolution technique is required.  ' 
The reason for some form of extrapolation is that the X-rays 
are produced from some finite volume, which is considerably larger 
than the electron beam diameter.  Direct measurement of the phase 
boundary composition is impossible within one X-ray source size 
diameter at a two-phase interface. While the beam diameter may be 
only a thousand nm (few hundred A) across the X-ray source size is 
rarely less than one |j,m in diameter. 
The tie-line and tie-triangle endpoints were derived from 
extrapolated  interface compositions.  The typical procedure was 
to take at least three traces, with at least two traces across two 
distantly separated interfaces. Traces were taken at one p,m inter- 
vals, except in the vicinity of the interface where the interval was 
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reduced to \  |im,  Beam movement was done electrostatically, rather 
than by mechanical motion of the sample.  This provides more accurate 
step size control.  The beam was never displaced more than 20 (j,m from 
center, and when longer traces were required they were taken in 
sections and the data matched together later.  In addition, at least 
three bulk phase compositions were measured at the ends of each 
trace.  The data was plotted as composition versus distance, and 
tie-line compositions were determined directly from these plots. 
For alloys containing three phases more traces were necessary. 
At least three traces were taken across each type of interface, 
a/y,  cy/M„C, Y/MOC*  In places where a carbide was surrounded com- 
pletely by either metallic phase a trace was made through the carbide. 
Several bulk phase compositions were measured in each alloy. As 
an example of the technique used consider Figure 12 which shows 
a trace, at 1 |j,m steps, across a (Fe,Ni)„C precipitate in a y matrix. 
Figure 12a is the Ni profile and Figure 12 b is the carbon profile. 
There is no concentration gradient in the carbide for Ni or C.  Hence, 
the carbide tie-line endpoint is 2.25 wt.7„ Ni and 6.67 wt.% C. No 
C gradient is present in the y,   so the aust.enite tie-line endpoint 
is 0.25 wt.7o C. A Ni gradient does exist in the austenite.  The 
gradient is extrapolated to the interface, where the Ni value for 
the austenite tie-line endpoint is 11.50 wt.% Ni. 
The errors in determining the tie-line endpoints are derived 
from two sources. The first is the error due to extrapolation to 
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Figure 12a 
Carbide + Austenite Microprobe Trace 
Fe - 10.3Ni - 1.8C (X13E4). Austenized 24 hrs. at 1273 K 
then cooled at 25 K/hr. to 1003 K and held there for 24 hrs. 
then directly cooled to 873 K and held there for 48 hrs. prior 
to quenching. Ni concentration profile. 
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Figure 12b 
Carbide + Austenite Microprobe Trace 
Fe - 10.3Ni - 1.8C (X13E4). Austenized 24 hrs. at 1273 K 
then cooled at 25 K/hr. to 1003 K and held there for 24 hrs. 
then directly cooled to 873 K and held there for 48 hrs. prior 
to quenching.  C concentration profile. 
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the interface. The error becomes larger as the gradient gets 
steeper. A second source of error is the statistical nature of EMP 
data. The error in tie-line endpoints will be given further consid- 
eration in the discussion. 
Quantitative Analysis:  The relationship between X-ray intensity and 
weight percent is proportional but not linear. Various interaction 
phenomena cause the deviation from ideality. The characteristic 
X-rays generated in the sample must travel some finite distance before 
exiting from the surface.  If the X-ray interacts with a target atom 
along its path through the sample it is considered absorbed, and there- 
fore cannot be counted.- A measure of X-ray absorption along the 
exit path is given by the mass absorption coefficient, p/p.  If 
the absorbed X-ray has sufficient energy it will excite a charac- 
teristic X-ray from the absorbing atom.  This effect is called 
flouresence.  One final interaction is described by the atomic 
number effect, which is caused by two phenomena, electron backscat- 
tering and electron retardation.  The energy loss of an electron 
going into the ionization of a particular shell and the loss of 
ionization due to backscattering are both functions of atomic number. 
Precise calculation of weight percent from characteristic X-ray 
intensity is possible if these interaction phenomena can be quanti- 
fied. 
For binary systems one can calculate weight percent versus X-ray 
intensity using alloys of known composition.  The composition of an 
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unknown can be determined directly from these curves for a given 
set of operating parameters. For higher order systems this procedure 
is impractical because of all the possible composition combinations. 
For multielement systems a first principles approach is applied. 
A technique which corrects for flouresence, absorption, and the 
atomic number effect is utilized. The measured X-ray intensity 
ratio is given by. 
IA     
C
A kA  I[A]   STAT 
ZA AA FA 
Z[A] A[A1 F[A] (6) 
where the subscript A represents the unknown and the bracketed A is 
the standard.  I is the characteristic X-ray intensity, C is the com- 
position, and Z, A, and F are the atomic number effect, absorption, 
and flouresence corrections respectively.  I / l[A] is called the 
k ratio. 
Table 5 lists the standards and operating conditions for the 
EMP analysis of carbide, austenite, and ferrite. Typical EMP 
data, and the ZAF conversion to weight percent, is shown in Table 
6.  The first column in Table 6  indicates the element (Fe, Ni, or 
C) and the second column is the experimentally measured k-ratio. 
The next three columns indicate the "corrections for atomic number 
effect, absorption, and flouresence. The final column shows the 
calculated weight fraction (weight percent/100). Note that the 
calculated weight fractions for each element for a given phase are 
similar for both operating conditions (20 kV and 12.5 kV). The 
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TABLE 5 
Information Summary for Quantitative 
Microprobe Analysis 
Operating Conditions: ARL Microprobe 
Quantitative Nickel Quantitative Carbon 
20 kV 12.5 kV 
0.05 uA 0.05 |JA 
40 sec. count  (typical) 40 sec. count 
Standards: 
Background 
Fe - 100% Fe off-peak 
Ni - 100% Ni off-peak 
C  - Canyon Diablo Canyon Diablo 
Cohenite Ferrite 
(Fe-l.4Ni-6.67C) (Fe-2Ni-0C) 
Wavelength Dispersive Spectrometer Crystals 
Fe(Kcy) - LiF 
Ni(Ko').- LiF 
C (Kef) - Lead Sterate 
Miscellaneous: 
Take-off angle - 52.5° 
—fi 
Spectrometer dead time - 2 x 10  sec, 
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Table 5 
cont'd 
Elemental Data: 
At. No. 
At. Wt. 
K a (nm) 
K 
a 
(keV) 
Fe Ni C 
26 28 6 
55.85 58.71 12.011 
19,37 16.59 447.0 
7.11 8.33 0.277 
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TABLE 6 
Example EMP Output 
1.  Cohenite in [(Fe,Ni>3C + Yj 
20 kV 
Element 
Fe 
Ni 
C 
Fe - 6.0 Ni - 1.0 C 
ZA AA A      A 
0.907 
0.016 
0.991 
ZA   A»   F~ A    A    Z 
1.011. 
1.002 
0.4505 
0.999 
1.098 
0.2982 
0.997 
1.000 
0.4956 
1.008 
1.101 
0.0667 
TOTAL 
1003 K 
k Z[A] A[AJ F[A]       Z[A] A|.A]  F|.AJ       Cone. 
0.9145 
0.0176 
0.0661 
0.9982 
12.5 kV 
Element 
Fe 
Ni 
C 
ZA AA FA 
k Z[A] A[A] F[A]       Z[A] A[A]   F[A]       Cone. 
0.903 1.015 0.999 0.998 
0.017 1.012 1.029 1.000 
1.000    0.4205    0.3350    0.4747 
1.013 
1.042 
0.0669 
TOTAL 
0.9153 
0.0177 
010669 
0.9999 
2. Austenite in [(Fe,Ni)3C + y] 
20 kV 
Element 
Fe 
Ni 
C 
12.5 Kv 
Element 
Fe 
Ni 
C 
Fe - 6.0 Ni - 1.0 C 1003 K 
ZA           AA FA ZA  AA  FA A      A A A A A 
k   ZLA]   A[A] FfA] Z[A] A[A] F[AJ  Cone. 
0.934 1.001 
0.060 0.991 
0.1147 0.4475 
0.931 1.001 
0.063 0.997 
0.1120 0.4167 
1.000 0.991 
1.099 1.000 
0.2773 0.4956 
0.993 
1.090 
0.0615 
TOTAL 
ZA     AA     FA A    A    A 
1.000 0.994 
1.029 1.000 
0.3198    0.4747 
0.996 
1.027 
0.0634 
TOTAL 
0.9279 
0.0652 
0.0071 
1.0004 
ZLA] A[AJ F[AJ       Z[A] A| A]  F[A]       Cone. 
0.9274 
0.0647 
0.0071 
0.9992 
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Table 6  cont'd. 
3.  Ferrite in [(Fe,Ni) C + y] 
Fe - 2.0 Ni - 1.5 C 
20 kV 
Element 
ZA AA FA A A A 
923 K 
Z[A]   A[A]   F[A]  Z[A] Af.A] F[A]  Cone. 
Fe 
Ni 
C 
0.978 
0.022 
0.000 
1.000 
0.990 
1.000 
1.104 
0.996 
1.000 
0.997 
1.093 
TOTAL = 
0.9755 
0.0241 
0.0000 
0.9996 
4.  Cohenite in [ (Fe,Ni) C + y] 
Fe - 2.0 Ni - 1.5 C 
12.5 kV 
Element 
Fe 
Ni 
C 
ZA \ FA 
0.913 
0.006 
1.015 
1.012 
0.9999 0.4205 
0.999 
1.029 
0.3350 
0.999 
1.000 
0.4747 
1.014 
1.042 
0.0669 
TOTAL 
923  K 
k Z[A] A[A] F[A]       ZLA] A(_A]  FLA]     Cone. 
0.9264 
0.0063 
0.0669 
=    0.9996 
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TABLE 7 
Absorption Coefficient (\i>/p) 
Absorber Fe Ni C 
^Emitter 
Fe
 70* 88* 9* 
Ni 388* 58* 6* 
13,300*  17,270*   2,373* 
* _    42 Frazer 
± 43 Henke and Ebisu 
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37 Tracor Northern minicomputer on-line correction program  is based 
38 
on the correction program of Colby.   To calculate A, the mass 
absorption coefficient, (Ji/p, is required. The on-line correction 
43 program uses the absorption coefficients of Frazer.   The correction 
for the absorption of carbon is most critical.- The absorption values 
for carbon used in the minicomputer calculation are not correct. 
To remedy this, all carbon values were corrected for absorption 
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using the absorption coefficients of Hemke and Ebisu.   These 
are coefficients listed in Table 7. 
Analytical Sensitivity and Minimum Detectability for C and Ni: 
Analytical sensitivity  concerns the ability to distinguish 
between two compositions C and C1 which are nearly equal. X-ray 
counts for both compositions, N and N' therefore have similar 
statistical variation.  If one determines two compositions C and 
C' by n repetitions of each measurement taken for some fixed time 
interval, then these two values are significantly different at a 
certain degree.of confidence 1-a  if 
i   S 
N - N1 a /2 t  , ~r£- (7) 
n-i / n 
and , 
/2 C t1"? S 
AC = C - C * n-i C (8) 
/n (N - NB) 
in which C is the composition of one element in the sample, N and 
N_ are the average number of X-ray counts of the element of interest 
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for the sample and continuum background respectively, n is the 
number of repetitions and t  - is the Student t value for the 1-ar 
confidence level and n-1 degrees of freedom. 
At a 95% confidence level the sensitivity of Ni was always better 
than 0.01 wt.%, according to Eq.(8). The sensitivity of carbon 
at a 95% level of confidence was shown to be 0.02 wt.% 
It was necessary to accurately determine the carbon content of 
all phases present. Ferrite contains essentially no carbon, maximum 
carbon solubility in pure b.c.c. iron is 0.02 wt.%, and cohenite 
always contains 6.67 wt.% C. Austenite contains varying amounts of 
carbon, depending on temperature and nickel content. Due to this 
variable carbon solubility in austenite it is important to know the 
detectibility limit of carbon. 
As the elemental composition C decreases, N approaches N„. When 
r> 
C falls below 0.1 weight percent (1000 ppm), the composition is in 
the trace element range.  For light elements like carbon, one (1) 
weight percent defines the trace element range. 
The detectibility limit, that is the minimum concentration that 
U A      ■ •      U     36 can be measured is given by 
Cq      /2  £■? Sp 
C«—§_  nrl  ° (9) 
where CDL ±s  the detectibility limit, Cg is the weight percent in 
the standard, N is the standard peak counts, FUg is the average 
number of background counts in the standard and S  is the standard 
° c 
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deviation on the sample. 
At least four traces were taken across each interface and each 
trace contained, on the average, 15 data points in each continuous 
austenitic phase. Also, at least three austenite matrix points 
were measured. This yields, conservatively, an n value of 30. 
The total standard deviation is defined as 
Sc = (N + NB)^ (10) 
where N is the average number of counts on the sample and N is 
B 
the average sample background. 
Since the composition of the carbon standard was similar to the 
unknown alloys, and because carbon contamination is dependent on 
beam impingement time, carbon background was always taken from the 
standard.  Hence, the standard deviation of the standard and the 
unknown are assumed equal. Here, C = 6.67 wt.% C, N = 12,000, 
N__ = 800, S-    =  50, n = 30, tt\ =  2.042, which yields C__ =0.02 wt.% 
SB C Zy DLi 
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RESULTS 
The results of the metallographic and microprobe analysis are 
summarized in this section.  The phase diagram, isothermal and 
vertical sections, and predicted reaction paths (y -» daughter phases) 
are described. 
A. Microstructure 
Ferrite + Carbide:  In all instances the morphology was pearlitic. 
In some cases grain boundary carbides surrounded by a ferrite zone 
formed in a pearlitic matrix.  In other cases, the pearlite colonies 
extended all the way to the prior austenitic grain boundaries. 
Figures 13a and 13b show typical a  + (Fe,Ni)_C structures. 
Ferrite + Austenite:  Several distinct phase morphologies were 
observed for these assemblages. Figure 14a shows a blocky grain 
boundary ferrite in an austenitic matrix. A Widmanst'a'tten pattern 
of ferrite in austenite is shown in Figure 14b.  The structures 
in Figures 14a and b are formed on cooling.  Figure 14c shows the 
globular precipitation of austenite in ferrite, while Figure 15 
shows a morphology identical to the meteoritic a + y assemblages 
known as plessite.  The structures in Figures 14c and 15 are formed 
after the reheating of a prior martensitic structure. Differentiation 
of Ni between a  and y was observed only for the reheated structures, 
plessite and the globular precipitates.  The Widmanst'a'tten pattern 
and grain boundary precipitation assemblages show no Ni differen- 
tiation. 
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Austenite + (Fe,Ni)3C:  Two types of structure were observed.  The 
first type occurs as thin (2-5 ^m) grain boundary carbides in an aus- 
tenitic (martensitic) matrix. An example of this may be seen in Figure 
10. This structure was observed in all 1003 K (730°C) y + cohenite 
samples and in all y + cohenite samples with bulk Ni greater than 
15 wt.% at the three lower temperatures,, 923 K, 873 K, and 773 K. 
At these lower temperatures, alloys with a bulk Ni content less 
than approximately 15 wt.% had a spongy-like cohenite network "in 
an austenitic (martensitic) matrix (Figure 16).   This shall be 
called the island network carbide structure. Most of the y + 
(Fe,Ni)„C assemblages also exhibited graphite precipitation.  If 
the graphite precipitates prior to the carbide it effectively lowers 
the bulk C content of the alloy. 
Ferrite + Austenite + (Fe,Ni)3C: All three phase alloys show 
similar morphologies, an example of which is shown in Figure 17. 
The matrices were consistently lath martensite.  The ferrite has 
a blocky structure and apparently nucleated and grew from prior 
austenite grain boundaries.  The carbides were found totally within 
a,   totally within y, and at oVy interfaces.  The subsequent EMP 
analysis traces were taken across each type of interface:  oVy, 
a/(Fe,Ni) C, y/(Fe,Ni)3C 
Martensite:  In addition to the lath martensite shown in many pre- 
vious samples, several high Ni (> 1„4 wt.%) alloys developed plate 
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Figure 13a 
Ferrite + Carbide Microstructure 
Fe - 6.3Ni - 0.5C alloy (XID2). Austenized 24 hrs. at 1273 K 
then cooled at 25 K/hr. to 773 K (500°C) and held there for 120 hrs. 
Grain boundary cohenite is observed in a ferrite zone surrounded by 
a pearlitic matrix. Scale Bar = 50 y,m. a  - ferrite; C - carbide; 
P - pearlite 
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Figure 13b 
Ferrite + Carbide Microstructure 
Fe - 4.lNi - 1.0C (X2B2). Austenized 24 hrs. at 1273 K then 
cooled at 25 K/hr. to 923 K (650°C) and held there for 60 hrs. The 
pearlite extends essentially to the prior austenite grain boundaries, 
The dark spheres are porosity from melting. Note the Knoop hardness 
indentations used to locate a specific area for EMP analysis. Scale 
Bar = 100 (j,m.  P - pearlite; C - carbide. 
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Figure 14a 
Ferrite + Austenite Microstructure 
Fe - 4.0Ni - 0.1C (X2A-M16). Austenized 24 hrs. at 1273 K then 
transferred directly to 1003 K (730QC) and held for 30 days prior to 
quenching. Structure is blocky grain boundary ferrite in austenite 
(now martensite) . ot  and y  have different C contents. Scale Bar - 
320 ^m. M - lath martensite; a -  ferrite. 
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Figure 14b 
Ferrite + Austenite Microstructure 
Fe - 10.4Ni - 0.2C (X5E2). Austenized at 1273 K for 24 hrs. 
then cooled at 25 K/hr. to 873 K (600°C), held for 96 hrs. and 
quenched. Structure is Widmanstatten ferrite in austenite. a  and 
Y differ in C content but have the same Ni content. Scale Bar = 40 Mm, 
a -  ferrite; y  - austenite. 
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Figure 14c 
Ferrite + Austenite Microstructure 
Fe - l.lNi - 0.5C (X16A1). Austenized 24 hrs. at 1273 K, 
quenched to 70 K then reheated to 1003 K (730°C) for 30 days. Globules 
are austenite in a ferrite matrix. Both Ni and C are differentiated 
between two phases. Scale Bar = 100 |j,m. or - ferrite; y - austenite. 
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Figure 15 
Ferrite + Austenite Microstructure 
Fe - 9.6Ni - 0.02C (X11B1). Austenized 24 hrs. at 1273 K, 
quenched to 70 K and reheated to 923 K (650°C) for 45 days. A 
fine dispersion of y  which is growing into a.     Structure is clas- 
sical plessite.  (15a) Scale Bar = 500 (j,m. 
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Figure 15 (cont'd) 
Ferrite + Austenite Microstructure 
Fe - 9.6 Ni - 0.02C (11B1). Austenized 24 hrs. at 1273 K, 
quenched to 70 K and reheated to 923 K (650°C) for 45 days. A 
fine dispersion of y which is growing into a.    Structure is clas- 
sical plessite.  (15b)  Scale Bar = 50 \±m. 
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Figure 16a 
Austenite + Carbide Microstructure 
Fe - 13.7Ni - 1.8C (X15B4). Austenized 24 hrs. at 1273 K then 
cooled at 25 K/hr. to 1003 K (730°C) and held for 24 hrs. then 
immediately cooled to 923 K (650°C) and held for 36 hrs.  Island 
network carbide in an austenite (lath martenite) matrix. Note 
precipitation of graphite around the carbide assemblages.  Scale 
Bar = 100 ^m.  C - island network carbide; y  -  austenite; G - 
graphite. 
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Figure 16b 
Austenite + Carbide Microstructure 
Fe - 10.3Ni - 1.8C (X13E4), Austenized 24 hrs. at 1273 K then 
cooled at 25 K/hr. to 1003 K (730°C) and held for 24 hrs.  Immediately 
cooled to 873 K (600°C) and held for 48 hrs.  Island network car- 
bides in austenitic (lath martensite) matrix. This assemblages have 
formed along a prior austenite grain boundary. Graphite precipitation 
is again present.  Scale Bar = 40 ^m.  C - island network carbide; 
Y - austenite; G - graphite. 
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Figure 17 
Ferrite + Austenite + Carbide Microstructure 
Fe - 5.4M - 1.1C (X8B2). Austenized at 1273 K for 24 hrs., 
cooled at 24 K/hr. to 923 K (650°C) and held there for 60 hrs. 
Matrix is lath martensite (austenite prior to quenching). Ferrite 
has nucleated and grown at prior austenite grain boundaries. The 
cohenite is present within the a,  within the y> and at '<x/y  inter- 
faces.  Scale Bar = 80 u.m.  C - carbide (grain boundary); M - 
martensite; a -  ferrite. 
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Figure 18 
Plate Martensite Microstructure 
Fe - 14.5N1 - 0.9C (X4E2). Austenized at 1273 K for 24 hrs., 
cooled at 25 K/hr. to 873 K (600°C) and held there fore 96 hrs. 
Matrix is plate martensite with graphite precipitates. Note the 
higher density of plates near the graphite precipitates. This is 
due to the higher C content of the metal near the graphite.  Scale 
Bar = 500 |j,m. M - plate martensite; G - graphite. 
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martensite. Apparently high Ni and high C contents favor this 
martensite morphology. An example of plate martensite is shown in 
Figure 18. 
B. Electron Microprobe Data 
Figure 12 illustrated a probe trace across a cohenite precipi- 
tate in an austenitic (martensitic) matrix.  It was a trace across 
an island network carbide in the Fe - 10.3Ni - 1.8C alloy shown in 
Figure 16b. The profiles observed for grain boundary cohenite in 
an austenitic matrix are similar. 
Figure 19a shows the concentration profile in the Fe - 1.1 Ni - 
0.5 C alloy treated at 1003 K.  It is blocky o1 + Y structure and 
its microstructure was shown in Figure 14c. A trace across an 
a  + Y assemblage with the plessite morphology, Figure 15, is shown 
in Figure 19b.  This is an Fe - 9.6Ni - 0.02C alloy heat treated at 
923 K. The carbon content of the Y W&S very small, close to the 
detectibility limit and therefore is not shown. 
Figure 20 shows the concentration profile across a carbide in 
a ferritic matrix. The sample was an Fe - 6.3Ni - 0.5C alloy (X1D2) 
treated at 773 K.  Examples of this type of microstructure were 
presented in Figures 13a and 13b. 
A typical probe trace across a three phase alloy is given in 
Figure 21. This Fe - 5.4Ni - 1.1C alloy (X8B2) was heat treated at 
923 K.  The area of the sample which was analyzed with the EMP was 
shown in Figure 17. 
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Figure 19a 
Ferrite + Austenite Microprobe Trace 
EMP trace across blocky o/ + y structure grown in Fe - l.lNi - 
0.5C alloy (X16A1). Quenched from austenite and then tempered for 
30 days at 1003 K (730°C). 
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Figure 1% 
Ferrite + Austenite (plessite) Microprobe Trace 
a +  y plessite in an Fe - 9.6Ni - 0.02C alloy (X11B1). 
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Figure 20 
Ferrite + Carbide Microprobe Trace 
Concentration profiles across a grain boundary carbide precipi- 
tate in a ferritic zone, all within a pearlitic matrix. Alloy bulk 
composition was Fe - 6.3Ni - 0.5C (X1D2). It was cooled from 1273 K 
at 25 K/hr. to 773 K (500°C) and held there for 120 hrs. 
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Figure 21 
Ferrite + Austenite + Carbide Microprobe Trace 
Concentration profiles across a three phase assemblage in an 
Fe - 5.4Ni - 1.1C alloy (X8B2). The phase morphology is shown in 
Figure 17. Alloy was cooled at 25 K/hr. to 923 K (650°C) from 
1273 K and held there for 60 hrs. 
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All quantitative Ni analyses were done at 20 kV and all quan- 
titative C analyses were done at 12.5 kV. These operating poten- 
tials were selected because they represent the optimum of spatial 
resolution, X-ray intensity, and X-ray peak-to-background ratio. 
A carbon gradient was not observed in any phase analyzed. 
The carbon content of ferrite is essentially zero, and cohenite 
always contains 6.67 wt.7oC. Similarly, Ni gradients were never 
observed in any of the carbides. For a + y assemblages Ni gradients 
were absent in all ferrite. When austenite was growing into 
ferrite, Figure 19a, Ni gradients were flat. However for cases 
when ferrite was growing into austenite, Figure 19b, steep Ni 
gradients were present. When the carbide phase grew into a metal 
phase Ni gradients developed in the matrix. 
For the case of a carbide growing into a metal matrix it was 
observed that Ni gradients were steeper in an austenitic matrix 
than in a ferritic matrix. 
C.  Isothermal Sections 
The tie-line and tie-triangle endpoints used to plot the phase 
diagrams come from the extrapolated interface composition between 
two coexisting phases.  In phases where concentration gradients are 
absent the bulk composition of that phase defines an endpoint 
of the tie-line or tie-triangle. For example, consider the three 
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phase alloy (o; + y + (Fe,Ni)^C) concentration profiles of Figure 21. 
The ferrite corner of the tie-triangle will be at 0 wt.% C and 5.25 
wt.% Ni. The cohenite and austenite corners will be at 6.67 wt.% C, 
2.20 wt.% Ni and 0.50 wt.% C and 7.95 wt.% Ni respectively. 
The carbide composition was constant across its width but con- 
centration gradients did exist in the adjacent austenite and ferrite. 
Hence, the ot  and y  compositions were obtained by extrapolation of 
concentration gradients to the interface. The gradient in the 
austentite was steeper making the extrapolation more severe. 
Table 8 summarizes the tie-line and tie-triangle endpoints 
used to plot the isothermal sections, as determined from the EMP 
concentration profiles.  Each value listed represents the average 
of at least three (3) traces and a minimum of six (6) interface 
traverses.  Usually ten (10) random points were analyzed in each 
phase which had a flat concentration profile.  For nickel, the 
error represents the spread about the average needed to include 
the values from all traces and point analyses. Since C formed 
a flat gradient extrapolation to the interface is not required. 
The error indicated in Table 8 for C represented the data scatter 
about the average value within each phase. The error window is 
also large enough to include the average phase composition as 
determined by each trace. 
Figures 22 through 29 show the four isothermal sections 
determined. Two isotherms are shown for each temperature. The first 
84 
w 
►-] 
PQ 
IS 
u 
60 
OS 
s: 
IX, 
<u 
e 
o 
> 
o 
JO 
w 
n 
o o U o 
e CO 03 « « 
<u o O o O 
DA 
in O o in o m 
o CM 1-1 o i-l o 
• • • • 
U o o O o o o o 
^! +1 m -H 44 •44 44 -H 
»-« i-j o CM i-4 i-l oo CM 
3 r-~ 1^ f- r- m CM 
Z 
3 
4J 
3 
o 
CO-H 
O 2= 
4J Z   &■« 
HI    4-1 
V4 
EC 
H 
c 
o 
•r-l 
to 6-5 
O     • 
a. i-> 
§ S 
o 
3    • 
pa u 
3 
o 
o o o o o 
o      m o o o o 
t-l OHNHN 
• •      •      •      •      • 
o o o o o o o 
-H ^ -H -H 4< 44 -H 
r- 
m      o o o m o 
•* CM  CM  <t  CM  00 
• •      •      •      •      • 
VO -*  i-l 00 T-l <t 
in O 
O   i~l 
o o 
I   -H -H 
o in 
m       in m o 
o       o o .-I 
o      o o o 
■H i •mm 
o in in o 
in o o> 
.-i       o <t r-» 
HJ 
4-1 o o u u 
td co CO CO  CO 
u *—N /~\ ^-v ."-N 
•r4 •H T4   T4   I-I 
D. z Z Z Z 
•H 
o a) « • tl 
<u P« In lulu 
u *—^ V—' V—' **• 
a. 
>->->•>->- b a 
o 
o 
o m o oo co m f-i 
i-l O i-l i-l CM o o 
o o 
oa pa 
o O 
» U U W U IJ o t_> 
iinz « « « n z 
H OH 0) O CU of-1 
CL O* Q* O* 
O 
CM 
O  CO O O 
r-l   O CM »-l 
• • • • 
o o o o 
■   -H  -H -H -H 
00   CO O CM 
<t- o <t <t 
• • • • 
o o o o 
o o 
CM CM 
o o 
I   -M 41   I 
I I 
in o 
CTN CM 
r— CO 
o 
-H 
in 
o 
m 
o o m 
• ■      • 
o o o 
-+H -H -H 
—i in oo 
•* CO CO 
• •   • 
o o o 
o o o 
NHH 
•     •     • 
o o o 
•   44  -4H  -H 
I 
in o 
O ooo 
H0OH 
o m o o 
i-4  O   i-l i-l 
• •   • • 
o o o o 
I   -H -H -H -H   I 
m o o o 
•*  <f   CO CO 
• •   • • 
<t CM m m 
o m o      o m 
i-l O i-l        CM o 
ooo o o 
-44  -44 
in o m o 
O   i-l  O   i-4 
o o o o 
44 -44  -44 -44 
m o o in 
m vo m m 
m N •* m 
ooo o m 
r-|   r-l   r-4 1-4 O 
OOO O O 
-44  -44 44 <  -44 -44 I   44  44  44 
I I 
ooo      mo    m o o z m in 
-tfvOCM 1-4CM       OO-^i-l <f   CM 
i-4   O   CM in co    CM o i-i vO  CM 
>- >- 
o 
CO r\Z 
Z     f»< 
a) 4- 
4- 
<3 
U   CJ      t_>   O  U    COO   o 
co co    co co cv-«   co co 
1-t   1-1   1-4   2 "* i-l 2 2 Z    - z Z 
M         •«         »      fl) » « 
V   II   tl h u (I 
fx< fn 6n ^ tn PL, 
X^   N^   »w^ <-, V-^ 
4- 
>-Z Z 
a  <u 
4- 
> u 
cd 
cu 
a. 
CM 
ts > >   a a b 
CO 
oo 
?- >- 
CM o in I-H o CM oo 
O   i-4   i-l   i-l   O   1-4   i-4 
in m o o CM oo 
O   i-4   i-4   i-l   i-l   r^4 
ONNnOH^t     mi-io<fvOi-ir-.    <tOi-imr-ico 
OMIOIOH^    <t ■* N mcnoo n    mcM^rvoooo 
CM  CM  CM   CM  i-l  i-4 
CM ««;•*<;<<; <; 
—
 cs oo tr> vo r-~ <: o 
Ov H ii IH  i—i-i—i  i—< 
r-4   <)■ vt 
CM CM CM CM  pq pa pa 
pa pa oa pa t-i -cf m 
r-4   CM   CO   00   i-l   i-l i-l 
X X X X X X X 
CM  CM  CM  CM (d W 
W   W   W  W CM CO 
i-i CM co r~ i-i i-i 
X X X X X X 
85 
00 
0) 
r-l 
XI 
a H 
n 
e 
a; 
z 
T4 
Z 0.
10
 
0.
10
 
0.
10
 
O O 
t-l   r-1 
o o 
t) B~! 
-H  -H -4H -+H  4* 
4-J 
3 o o o r— <)■ en 
O O 
r- r-» 
a 
B 
0) 2 
H 
C 
o 
•1-4 
4-1 u 
•i-( 
01 fi-£ 
O 
O. u 
B Dc 
3      • 
3 
o 
Ol 41 0) 
4-J *J «J 
i-l ■rl •H 
r-1 i-l r-4 
14 U 1-c 
w a) m 
ai 0) <u 
a. a CL 
o o o o 
CM   -H -H -H 
o   m m I-H 
N N  N 
o o o 
CM   CM   rH 
o O   O   O 
CM 
1       • •H ■»  -H 
I vt 
r-4 © o o 
NHm 
OH 
<"> z 
o in o 
i-l   O   i-l 
o o o 
in o 
O   1-4 
o o 
a) 4-J -H -H -H <i -H -H 
fc3 m in m 
r— o in 
ZOO 
00  i-l 
CJ  CJ 
u o u en mo 
no n /-> /-i   m 
>*—*   ^^   /-N T4   -rf ,-v 
i-l   -r-l   i-l     1 Z   Z   -H 
z z z ■ -    -2 
»  *i  » a)  <u    - 
u  n  u (K   IX    tl 
PM    f!4    r*4 
S-'  V-^  ^-* ^^ 
+  + 
>- > 
+  + 
b b 
b a b >- 
m in o CM o oo o> 
O   i-H   i-l   O   i-l   r-4   r-l 
m o r-i CM m en r» 
VON-}'*   1JO<t 
id- <f 
CM   CM   CM   CM   CM   O   Q 
9Q Q a a r-i <r 
N   C1>*   M-li-1 
X X X X X X X 
C 
in 
0-i 
X 
u 
o 
o 
o 
u 
01 01 01 
•a •o -o 
■rl •i-4 ••-4 
XI JD Xi 
i-i U rJ 
10 10 CD 
o O CJ 
... >* Jrf 
01 W rJ 
r-4 n O 
-O •a e M c 
r-t 3 ai 
•1-4 O z 
CO XI > •a 
n c c 
■H n 
u rt t-i 
o r-l 0) 
c 00 1-1 
<: 
z 
cj 
CO 
o 
cj 
z 
86 
extends to 6.67 wt.% C (stoichiometric cohenite).  The second is 
an expansion of the low carbon region. This is the most congested 
area of the diagramand an expanded scale aids in understanding the 
size and location of the various phase fields. Where available, 
the experimental data of other investigators is included. 
No a +  Y alloys were prepared at the lower temperatures (873 K, 
773 K). Hence, the a + y/v solvus line shown is only an estimate. 
A total of 3 three phase alloys were produced at 773 K (Figure 28). 
One alloy lies just within oc + carbide/a + Y + carbide solvus line. 
Austenite was not observed in the sample and the EMP analysis of 
the ferrite and carbide produced the low Ni side of the tie-triangle 
which is the last a +  carbide two phase tie-line. Another alloy, 
Fe - 1.7Ni - 1.8C also contained ot + y +  carbide.  The bulk composi- 
tion places this alloy in the Y + carbide two phase field.  However, 
during the early stages of the heat treatment graphite precipitated 
thereby reducing the bulk carbon content enough to place the alloy 
in the three phase field.  The actual bulk carbon content in which 
the a  + Y + carbide grew is uncertain. 
In all cases, the terminal binary phase field endpoints are 
those accepted in the literature. 
D.  Vertical Sections 
Using the four experimentally determined isotherms and the 
terminal binary phase diagram, several vertical sections were . 
constructed.    Figure 30 is  a vertical section for a con- 
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stant 0.2 wt.% C. Figures 31, 32, and 33 are vertical sections 
for constant 6, 8, and 10 weight percent Ni, respectively. The 
three (31) constant Ni sections (Figures 30-32) were chosen because 
they show how a low Ni, medium Ni, and high Ni meteorite would 
transform from austenite on cooling as a function of carbon content. 
The constant 0.2 wt.% C vertical section illustrates how the addi- 
tion of C to the Fe-Ni binary suppresses the y ~* ^ "*" Y reaction. 
Additional verification of these vertical sections comes from the 
agreement of the predicted order of phase reaction with that 
observed in the actual experimental alloys.  This is important since 
some of the solvus lines on the vertical sections are estimations. 
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Figure  22 
Fe-Ni-C  Isotherm:     1003 K 
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Figure 23 
Fe-Ni-C  Isotherm:   1003 K 
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Figure  24 
Fe-Ni-C  Isotherm:     923 K 
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Figure  25 
Fe-Ni-C  Isotherm:   923 K 
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Figure  26 
Fe-Ni-C  Isotherm:     873 K 
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Figure 27 
Fe-Ni-C  Isotherm:     873 K 
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Figure  28 
Fe-Ni-C  Isotherm:     773  K 
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Figure  29 
Fe-Ni-C  Isotherm:     773  K 
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Figure  30 
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Figure 31 
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Figure 32 
Fe-Ni-C 
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DISCUSSION 
A.  Diffusion Controlled Phase Growth 
Consider the general case of the diffusion controlled growth 
of a second phase in a parent phase, as shown in Figure 34. The 
Q 
Jost analysis,  as this is called, is contingent on four assump- 
tions:  (1) one dimensional planar front growth; (2) isothermal 
phase growth; (3) no impingement or overlapping of diffusion lengths; 
and (4) D ^ f(c), diffusivity not equal to a function of composition. 
In the generalized case of a  growing in g, the interface 
moves in the direction v because the flux of B atoms in a  is greater 
than the flux of B atoms in (3 (JZ > J„). The growth rate under the 
D ft- 
above assumptions can be calculated using Fick's second law of 
diffusion: 
where 
c = concentration 
t = time 
D = diffusion coefficient 
x = distance 
Now, assume the general solution to Fick's law in a  and p for 
element B to be: 
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Figure 34 
Generalized Diffusion Controll Growth of a  in B 
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C   (x,t)   = A    + B     erf    (x/2/TTT) (12) 
a 01        a a 
Cp(x,t)   = Ap + Bp  erf     (x/2/TJjjt) (13) 
The  coefficients A   ,B   ,  AQ,   and Bn  can be determined using  the 
ot    <y      p      p 
appropriate initial and boundary conditions. 
Initial Conditions,  t = o: 
X < o C = a' 
X > o Cp - a 
Boundary Condit ions, t > o 
x = 5 C = c' 
ce 
ce    c 
X < ? C = a' 
X + +00 S = a" 
• — « ' The growing phases have constant competition, so c  = a 
Assume at the discontinuity ( x = §) that 
§ = x = 2y /ST (14) 
where y is a dimensionless driving force parameter. 
Application of these initial and boundary conditions yields: 
A = C 4- a' erf (Y) 
at 1 + erf (v) . UD; 
Bcv - l^erf'fr) = ° <16> 
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A - c" - a" erf (y//~g) ,m AP "  .1 - erf (y/vTp) ^U) 
Bf3 = 1 Arf (Y//p) (18) 
where 
M
   D 
a 
If the value of y can be determined, it is possible to solve 
for C (x,t) and C„(x,t). To determine v one more relation, conser- 
vation of mass, is required.  For conservation of mass, the mass 
of the element which diffuses across the plane of discontinuity 
must equal the difference of the diffusion fluxes of the element in 
<y  and |3.  The two fluxes with the same direction, one into and one 
out of the area d§ are: 
dC \ 
j = -D -r^]  . = 0 (19) 
a a   dx J 5 
The mass balance can now be written as, 
<c"- C'> f " Jp" J« (21) 
or 
dC \ dCc 
  =    a  )        _J_ 
dt  ua   dx I <*~    "  up ax ]ir + (c" " C) £-D -r^L-  - Da^  (22) 
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Also from Eq. (14) 
fV dg. = d (2 Y /D—E) =  /^ 
dt  TT— ~  Y>/ t (23) at 
By differentiating Eqs. (12) and (13), 
oC \      B exp (-Y2) 
__2     = « = 0 (24) ox i   -     y—in— U^; / 5        a 
and 
2 
B exp (-Y /p) 
= P 
ox /  ,    /rr D p~t (25) 
Substitution of Eqs. (23) through (25) into the mass balanced yields: 
2 2 \  exp (-Y )   _ /p" Bg exp (-y /p)  ^ (26) 
/WY (C" - C)     /nY (c" - c')   " l 
Further substituion of Eqs. (16) and (18) produces: 
/c' - a'\     , 2,  /a" - c"\     .,    , 2/ , 
\c" - c"/ 6XP ("Y ^  U" - c7 ^pexp (-Y 'P> 
/W y (1 + erf Y)     /^V C1 " erf (v//p)) 
All the variables in Eq. (27) are known, except for Y«  An analytical 
expression for Y is not possible, but its value can be determined by 
a numerical technique, such as the Newton- Raphson method. 
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Under the assumptions used to develop the preceding equations 
each type of two phase growth can be modeled. There are only 
three combinations of two phase growth:  (1) a  growing in y> (2) 
(Fe,Ni) C growing in y» and (3) (Fe,Ni)_C growing in a. The form 
of the concentration profiles for Ni and C expected for each type 
of phase growth is shown in Figure 35. 
106 
Figure 35 
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Case II:  (Fe,Ni)„C growing in y 
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B. Microstructures and Phase Growth 
Austenite and Ferrite:  Four types of a  + y assemblages were 
produced during these experiments. The type shown in Figure 14a was 
blocky grain boundary allotriomorphs in a martensitic matrix. A 
Widmanstatten pattern of ferrite in austenite is shown in Figure 14b. 
Both of the structures had a  and y which were not differentiated with 
respect to Ni. The two phases could be distinquished from one another 
by differing carbon contents. These samples were not suitable for 
tie-line determination. 
These two structures were produced by cooling from austenite. 
On cooling, the carbon free b.c.c. ferrite phase nucleated and grew 
with the bulk Ni content.  The results of this transformation is 
31 known as a paraequilibrium state. As defined by Sharma and Kirkaldy, 
paraequilibrium is a unique kinetic state, vastly different from 
true equilibrium in which the substitutional alloying element, in 
this system, Ni, plays no part in the reaction and the transformation 
proceeds under pure carbon diffusion control. 
The paraequilibrium transformation can be avoided by using 
a different heat treatment cycle. The fully austenized alloys were 
quenched to martensite and then reheated.  In this case, the Ni 
and C varied between the phases in the equilibrium amount.  How- 
ever, the morphology of the phases did vary with composition and 
isothermal treatment temperature.  The 1003 K, low Ni alloy 
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(Fe - l.ONi - 0.5C) (Figure 14c) contained globular precipitates 
of ferrite in austenite.  The Fe - 4.4Ni - 0.15C alloy treated at 
1003 K contained a finer mixture of a + 7.  Plessite, a very fine 
mixture of a +7 formed in the Fe - 9.6Ni - 0.02C alloy heat 
treated at 923 K (Figure 15). 
In all reheated alloys (Figures 14 and 15), ferrite was the 
phase growing into the parent austenite.  On initial quenching 
from the f.c.c. austenite the alloys transformed to the b.c.t. 
martensite + retained austenite characteristic of the Fe-C binary 
system, not the b.c.c. martensite which forms in the Fe-Ni system. 
On reheating the ferrite nucleated and became the growing phase. 
All of these alloys were heat treated for lengths of time close to 
those required to produce a bulk equilibrated alloy.  Considering 
the analytical sensitivity for C, all a + y  tie-lines passed 
through the bulk composition.  This was indicative of a bulk 
equilibrated alloy.  If bulk equilibration is fully attained, no 
compositional gradients occur in either phase.  The low Ni-1003 K 
alloy had flat concentration gradients, indicative of complete 
bulk equilibration.  The two other alloys showed slight Ni gradients 
in the austenite indicating full equilibration had not yet been 
attained. 
8 
Using the Jost analysis and assuming Fe-Ni control of diffusion 
in the ternary, precipitate size and tie-line motion during phase 
growth can be characterized. 
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Consider the phase growth in the Fe - 4.4Ni - 0„15C alloy heat 
treated at 1003 K for 30 days (See 1003 isotherm - Figure 23). Using 
the binary approximation and the Jost analysis the size of the ferrite 
precipitates can be predicted given the diffusivities of Ni in 
2 
ferrite and austenite. The diffusion coefficients are (cm /sec): 
D = 10.5 exp (-64300/RT)(45) (28) 
a 
and 
D    = exp [1.15 + 0.0519 CNi(wt.%)]   x 
exp [-(76400-   11.6  C^± (wt .%))/RT] (46) (29) 
Using the measured tie-line and appropriate diffusivities solving 
Eq. (27) yields y  = 2.30.  Knowing this value allows the calculation 
of precipitate size with Eq. (14). The calculated precipitate 
half-width, f, is  1 |j,m,  or a precipitate wide of 2 urn. Observed 
precipitate size was 3-4 \im.     Since it is not true binary diffusion 
and not true planar front growth the agreement between calculation 
and observation is excellent. 
To have phase growth in a ternary system the growth rate of 
the precipitate with respect to each element must be the same. 
The growth rate can be obtained by differentiating Eq. (14) 
§ -^4^- (30) 
yt 2. 
To satisfy the requirement of equal growth rates,dt 
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must be same for each component, so: 
*Hi - *£ - & 
dt    dt   dt " K    ' 
Since D > D  , df0/dt will in general be greater than dF ./dt. 
Y   y " "*■ 
To then satisfy Eq. (31), a tie-line shift is required. The shift 
will be one which will steepen the Ni gradient by increasing the 
Ni content at the interface and thereby increase the flux.  Similarly 
a decrease in carbon diffusion is required. 
To achieve this higher growth rate with respect to Ni and 
the slower growth rate with respect to C a shift to the right, that 
is to higher Ni contents, of the Fe - 4.4Ni - 0.15C tie-line is 
required. The tie-line shift to the right will increase the Ni 
flux away from the matrix/precipitate interface and also decrease 
the C flux away from the interface. To illustrate the effect of 
tie-line shift on growth rates, consider the following. For the 
measured tie-line (or - 2.75 wt.%Ni; y  - 5.5 wt.7.Ni) |~ = 1.3 x 15~U 
cm/sec. However, for a tie-line shifted to a higher Ni content 
(ft- 2.85 wt.7.Ni; y  - 5.55 wt.ZNi) -£r  = 6.5 x 10   cm/sec. 
Initially, the phases begin to grow on a tie-line displaced to higher 
Ni contents to produce matching growth rates.  During the final period 
of growth the Ni and C gradients are readjusted so that a condition 
of chemical equilibration throughout the alloy system is obtained. 
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The real limitation of this analysis is in treating ternary 
Fe-Ni-C diffusion as a simple Fe-Ni binary. This essentially 
means the cross diffusion terms in the phenomenological diffusion 
equations are being neglected. An accurate diffusion description 
would require a ternary model and the use of the cross terms, 
which is beyond the scope of this thesis. 
Austenite and Cohenite:  Two types of structures were observed to 
form for this phase assemblage. The first type, as seen in Figure 
10, is a grain boundary carbide precipitate in an austenitic (mar- 
tensitic) matrix. This structure occurred at 1U03 K for all Nl 
contents. At the three lower temperatures this structure formed' 
only in alloys with a high bulk Ni content, (>15 wt.%).  The island 
network carbide structure formed for the lower Ni content alloys, 
as seen in Figure 16. 
The process which formed grain boundary carbides in an austenite 
matrix is easily understood. The alloys were all austenitized at 1273 K 
and then cooled at 25 K/hr. to 1003 K.  Direct quenching from 1273 K 
to 1003 K caused graphite precipitation. Alloys prepared for lower 
temperatures were quenched directly to the temperature of interest 
after 24 hrs. at 1003 K.  It appears that the carbide nucleated 
during the slow cool, however, most of the carbide growth occurred 
isothermally at the temperature of interest. 
The Jost analysis was applied to this phase structure to calcu- 
late expected carbide widths.  Initially, the system was approximiated 
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as Fe_C growing in binary Fe-C austenite. The slower D„ „. was 3 FeNi 
neglected.  Phase growth was also assumed to be isothermal. 
2 
The diffusion coefficient of C in y is given by (cm /sec): 
D = (0.07+ 0.06 C (wt.%)) exp (-32000/RT)(47)      (32) 
Since the entire carbide is stoichiometric cementite no C concentra- 
tion gradient is present and the diffusivity of C in Fe-C is not 
required. 
The size of a carbide grown in an Fe - 3.7Ni - 1.0C alloy 
treated analytically as an Fe - 1.0C alloy, at 1003 K was calculated 
for comparison to the experimental alloy.  From Eq. (23), y = 0*235 
and therefore S; = 200 ^,m, which is two orders of magnitude larger 
than the observed carbides. Apparently, the Ni does play an impor-. 
tant role in Carbide growth. 
To investigate the influence of Ni on the growth of the carbides, 
it was assumed that the carbide grew totally under Ni control. The 
carbides were observed experimentally to have constant Ni contents 
across their entire width. Hence, only D„. is required to make the J
     Ni     n 
calculation.  The required diffusivity is given by Eq. (29).  Under 
these conditions Eq. (27) was solved to obtain y = 0.091 for the 
experimentally measured tie-line. Application of Eq. (14) predicts 
carbides 0.012 |o,m in width, far smaller than the observed width of 
3 |j,m. 
Hence, carbide growth does not proceed under pure Ni control. 
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The situation is again one where Ni and C both are important and the 
carbide grows under the restraint of matching growth rates as des- 
cribed by Eq. (31). To increase d£  /dt and decrease dF /dt to the 
"Ni ' I; 
condition of equality will again require a tie-line shift.  Faster 
growth will occur when the tie-line shift, to higher Ni contents. 
Such a shift to the right during carbide growth, before complete 
alloy equilibration, did occur as evident by the two low Ni y + 
(Fe,Ni)*C alloys treated at 1003 K (Figure 22). These alloys were 
not fully equilibrated since the tie-lines did not pass through the 
bulk compositions and Ni gradients did exist in the austenitic 
matrix adjacent to the carbides.  Several y + (Fe,Ni)_C alloys had 
bulk compositions which fell to the right of the tie-line.  This 
is attributable to graphite precipitation prior to carbide nucleation 
and growth. Graphite precipitated out of the metal thereby reducing 
the bulk carbon content of the parent metal phase. The reduction 
in carbon content was large enough to actually place the bulk 
composition from which the carbide grew to left of the tie-line. 
This makes the tie-line/bulk composition orientation consistent 
with the diffusion controlled phase growth concept. 
In an attempt to quantify the tie-line shift required to pro- 
duce the observed growth rate Eqs. (27) and (14) were solved for 
a series of tie-lines extending from-a tie-line through the bulk 
composition (Fe - 3.7Ni - 1.0C; 1003 K) to the limiting condition of 
infinite diffusion where the Ni content of the precipitated carbide 
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equals the Ni content of the bulk alloy.  For the Fe - 3.7Ni - 1.0C 
alloy treated at 1003 K a growth rate was obtained for y = 29.4 which 
matched the observed carbide size. 
To obtain this value of y  a tie-line with the carbide containing 
3.697 wt.% Ni and the austenite containing 9.9 wt.% Ni is required. 
This is displaced from the measured tie-line where the carbide 
contained 0.55 wt.% Ni and the austenite contained 4.20 wt.% Ni. 
Such a |.arge shift in tie-line position is possible during the 
initial stages of growth. An accurate model of carbide growth in 
Fe-Ni-C austenite is possible only with a true ternary diffusion 
model, which is beyond the scope of this thesis. 
Ferrite and Cohenite:  All a +  (Fe,Ni)„C alloys had the same struc- 
ture, (Figure 13). The structure was characterized by grain boundary 
carbides surrounded by a ferrite zone, all within a pearlitic matrix. 
In the extreme case the pearlite extended to the grain boundary. 
Most of the carbides analyzed in these structures were approximately 
5 [im  across. 
After the samples were fully austenitized they were slowly 
cooled (25 K/hr.) to the isothermal growth temperature. During the 
cooling period the carbides nucleated and began to grow at the aus- 
tenite grain boundaries. At the isothermal treatment temperature, 
carbon continued to flow into the growing Carbide.  The carbon 
depleted metal around the carbide then transformed to ferrite.  The 
austenite grain interiors, now isolated from grain boundary carbides, 
116 
did not feed carbon through the ferrite rim.  Hence, the grain 
interior transformed to pearlite. During the final stages of the 
isothermal treatment the carbide and surrounding ferrite adjusted 
their Ni contents toward the equilibrium composition. As shown 
in Figure 20, no Ni gradient developed in the cohenite, but a gentle 
gradient remained in the surrounding ferrite. This indicates that 
the alloy had not yet been fully equilibrated. 
All the experimental alloys developed the a  + carbide phase 
assemblages by the following sequence:  y -♦ y + (Fe>Ni)~C -♦ <y + y + 
(Fe,Ni)„C -» a  + (Fe,Ni)„C.  To characterize the phase growth mathe- 
matically would require a ternary three phase diffusion model. 
Suitable procedures for solving such a problem have not yet been 
developed. 
Austenite and Ferrite and Cohenite: 
All of the three phase alloys produced during these experiments 
had the same microstructure (Figure 17). The only variation from 
one sample to the^ftext was in the relative amount of each phase 
present. 
No preferred site for carbide nucleation was observed.  The 
carbide phase was found totally within a,   totally within y, and at 
oi/y  interfaces. Regardless of which two phases were in contact, the 
interface compositions were consistently the same value.  For 
example, the interface composition of y was the same whether it was 
in contact with a  or with (Fe,Ni)_C. 
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No attempt was made to model the phase growth in these alloys. 
Modeling ternary three phase growth is beyond current capabilities. 
C.  The Phase Diagram 
Comparison to Other Isothermal Sections:  The isothermal sec- 
30 tions contructed are quite similar to those first predicted by Brett, 
There are, however, several key differences. Most importantly, the 
diagram determined here contained only the carbide phase.  Graphite 
is not included as it is in Brett's proposed diagram because of 
the thermodynamic considerations discussed earlier. Two other 
distinct differences to Brett's prediction are the narrowness of the 
three phase field, a + y   (Fe,Ni)„C and the slightly lower solubility 
of carbon in austenite. According to Brett's prediction the three 
phase field extends across 7 wt.% Ni, and 12 wt.% Ni, at 923 K, and 
873 K, respectively. The experimentally determined diagram contained 
a three phase field which spanned 2.5 wt.% Ni, 5.5 wt.% Ni, and 
6 wt.% Ni at 923 K, 873 K, and 773 K, respectively. There also were 
deviations in the C solubility in austenite, with the difference 
between measured and predicted solubilities increasing with increasing 
temperature.  For example, consider the carbon contents at the 
a/y/(Fe,Ni)„C triple point. At 923 K Brett's predicted value is 
0.6 wt.%, C, while the measured value is 0.45 wt.% C.  As the tem- 
perature is decreased to 873 K the difference in C content increases 
to 0.45 wt.% C predicted and 0.40 wt.% C as measured.  The differences 
between the prediction of Brett and the measured diagram can be 
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attributed to the fact that the prediction is a simple extrapolation 
from the binary diagrams. 
Two tie-lines from other investigators were available for 
comparison to the results obtained in this study. At 1003 K there 
31 
are the a + y tie-line predictions of Sharma and Kirkaldy.   These 
tie-lines were calculated by thermodynamics, with tentative veri- 
fication by EMP analysis and diffusion considerations. As illus- 
trated by Figures 22 and 23, the tie-lines determined here are 
consistent with those of Sharma and Kirkaldy. 
One ferrite-carbide tie-line was available in the literature, 
29 
an 873 K (600° C) tie-line determined by Hultgren et al.  with 
analytical chemistry techniques.  Once again, as shown in Figure 26 
this tie-line is consistent with those determined in this study for 
873 K. 
The only other recent attempt to describe the phase diagram 
34 is the modification to Brett's diagram as proposed by Scott. 
The diagram is that of Brett's with the addition of the (Fe,Ni)„_C,, 
haxonite, and carbide.  Haxonite, as observed in meteorites, has 
a higher bulk Ni content than cohenite and also tends to form in 
higher bulk Ni alloys.  Haxonite was not produced during these 
experiments, regardless of bulk composition or heat treatment. The 
Fe-Mn-C analog system indicated the M„-Cft carbide should form at 
very high Ni contents (> 30 wt.%).  Since no alloys were produced 
in this composition range, it is not known if the FeNi carbide 
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analog can be produced there.  No attempt was made to grow haxonite 
in this composition range since natural haxonite has not been ob- 
served, in alloys with such a high Ni content. Hence, the key to 
producing haxonite may not be composition, but rather temperature. 
Perhaps it is a phase which will nucleate and grow only at tempera- 
tures below those studied here (< 773 K). 
Vertical Sections:  The most important utility of these diagrams is 
that they can be used to determine the reaction path for a given 
composition.  Each one of the alloys used in determining the phase 
diagram were analyzed microstructurally in an attempt to determine 
which phase nucleated first, and where it nucleated. 
All a  + (Fe,Ni) C alloys contained > 0.2 wt.% C, and as 
indicated by the vertical section of Figures 32 through 33 the first 
phase to nucleate is the carbide.  Initial nucleation of the phase 
was consistent with the microstructural observations. 
Effect of the Addition of C to Fe-Ni Alloys:  Consider the constant 
carbon vertical section of Figure 30.  The addition of C to Fe-Ni 
alloys suppresses the y -* o>  +• Y transformation. The (pi  + y)/y solvus 
line is shifted to lower Ni contents by the addition of C. With a 
bulk C content of 0.2 wt.% a pure a  phase field does not exist so 
the effect of C on the (a  + y) tot  phase boundary cannot be determined. 
At higher C contents an a + y field would not exist at all.  The only 
phase fields present would be ones which contain the carbide phase. 
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Since no kinetic experiments were performed, no data concerning 
the effect of carbon on the nucleation and growth of any of the 
phases is available. 
Effect of the Addition of Ni to Fe-C Alloys:  The effect of Ni on 
the Fe-C phase diagram can be seen by considering Figures 31 through 
33. Adding Ni to Fe-C alloys shifts the eutectoid transformation 
to lower temperatures and lower carbon contents.  In the pure Fe-C 
binary the y -* a +  Fe_C eutectoid reaction occurs at 996 K and 
0.77 wt.7. C. Adding 6 wt.7, Ni shifts the ternary eutectoid reaction, 
Y - 0/  + y + (Fe,Ni) C to approximately 948 K and 0.14 wt.% C. When 
the bulk content is increased, the Y ~* a +,Y + (Fe,Ni) C reaction 
occurs at 923 K and approximately 0.4 wt.7, C and 903 K and approxi- 
mately 0.4 wt.% C at 8 wt.7o and 10 wt.7. bulk Ni content respectively. 
Increasing the bulk Ni also expands the a> + y  field. Adding suffi- 
cient Ni, at least 6 wt.7., entirely eliminates the a  + carbide two 
phase field. 
These vertical sections also were consistent with the phase 
reaction sequence as determined by metallographic analysis. No 
information concerning the kinetics of nucleation and growth of 
any phase can be determined from these vertical sections. 
Errors in Phase Diagram Determination:  The most important source 
of error in the determination of this diagram is the electron 
microprobe analysis. The only other source of error is the 
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accuracy of temperature of the heat treatment.  The temperature 
was accurate to ± 2 K and maintained within 0.5 K so any error due 
to temperature variation will be minimal. 
The microprobe error can be divided into two parts.  First is 
the statistical nature of data which leads to the sensitivity and 
detectibility limit as described in the Experimental Procedure. 
The minimum error that can be associated with any composition would 
be the analytical sensitivity. 
The second source of microprobe error is directly attributable 
to the interface.  The X-rays which are generated in the sample do 
not all emerge through material of the same composition in the 
vicinity of an interface. Moreover, the material they must pass 
through to exit the sample may be different than the material in 
which they were generated.  The ZAF matrix correction model 
assumes that the X-rays are generated and pass through the same 
material.  When this assumption is violated the conversion from X-ray 
intensity to weight percent is not unambiguous.  Fortunately, this 
inaccuracy is minimized by the high take-off angle of the EMP.(52.5°). 
A certain amount of error is due to the extrapolation of the 
concentration gradient to the interface.  None of the observed 
concentration gradients were steep, so the extrapolations are not 
severe.  The interface will be somewhat smoothed out due to the finite 
size of the volume of X-ray generation (1 u.m) .  When the volume of 
generation includes more than one phase the composition measured will 
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represent an average value. 
The errors reported in Table 8 represent the spread in extra- 
polated interface compositions.  There is a certain amount of uncer- 
tainty for each of the extrapolated interface compositions. To 
obtain the tie-line end point values used to plot the phase diagram, 
the average interface value for all the traces for a given sample 
was calculated.  Errors bars were then established so that all 
interface compositions would lie within the indicated range.  Carbon 
gradients were always flat, so no extrapolation was (Figures 12, 
19-21) required.   However, there was considerable scatter about 
the average value of each trace. The error range was established 
so that the scatter of all the traces was included within the range. 
Any obviously spurious data point was ignored. 
The errors from interface extrapolation and the statistical 
variation in the data were the errors of determination.  They were 
the largest errors and totally overlap the analytical sensitivity 
and temperature error.  The values used to plot the phase diagram 
were the average values. 
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D. Application of the Phase Diagram to Lunar Samples 
The morphology of the lunar carbides was very different from 
those samples produced in the laboratory. The lunar carbides were 
globular and not the fine grain boundary precipitates grown arti- 
fically.  The island network carbide structure was not observed in 
either meteorites or lunar samples.  The globular precipitates seem 
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to have nucleated at free surfaces of metallic grains or at prior 
austenite grain boundaries. 
All lunar carbide samples had a ferrite matrix, with the excep- 
tion of some austenite (martensite) in one sample which was reheated. 
A typical microstructure of the globular carbide in a ferritic matrix 
is shown in Figure 36. 
Despite the microstructural differences, the chemistry of the 
laboratory and lunar samples is similar.  Ferrite-carbide tie-lines 
were plotted on a pseudo-isotherm as shown in Figure 37. 
Except for one assemblage which showed signs of reheating, the 
lunar a +  carbide compositions plotted coherently as a +  carbides 
tie-line on the isothermal .section.  One of the lunar soil particles 
also contained phosphides, and the ferritic-phosphide compositional 
relationship indicates an equilibration temperature of approximately 
823 K (550°C) for that particular sample. 
Unfortunately, the slopes of the ferrite + cohenite tie-lines 
do not change as a function of temperature.  Because of this slope 
consistency, measuring the composition of the ferrite and cohenite 
in lunar sample will not be useful in determining a last temperature 
of equilibration.  However, the composition of the ferrite may 
indicate the last temperature of equilibration. All the a  endpoints 
are between 5 and 7 wt.% Ni.  Since ferrite is carbon free, a 
compositions can be obtained from the Fe-Ni binary system.  Only 
at lower temperatures, approaching 723 K (450°C) does the solubility 
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Figure 36 
Lunar - Carbide Microstructure 
Metallic particle, ferrite plus carbide, from an Apollo 17 
lunar sample. Large interior blocky structure is cohenite in a 
ferritic matrix.  Scale bar = 16 (j-m. 
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Figure 37 
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in a  extend to include 7 wt.% Ni.  It is impossible to determine if 
all carbide bearing lunar samples had the same thermal history 
especially with respect to last temperature of equilibration. 
The microstructures differences between the lunar and laboratory 
carbides is due to differing time-temperature histories. The 
metallic matrix of most of the lunar particles was very coarse 
grained indicating a very slow cool from the melt or a long time 
treatment at a temperature high enough for grain growth. Either 
one of these two possibilities would produce a structure with a 
low defect density.  On cooling there were fewer sites for the 
heterogeneous nucleation of carbides, so those that did grow became 
quite large. They cooled slowly so there was ample time at high 
temperature for carbide growth. The relative perfection of metal 
may also have prevented the breakdown of the carbide into metal 
and graphite.  A low defect density would-decrease the number 
of sites for heterogeneous nucleation of graphite. 
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SUMMARY 
The iron rich corner of the Fe - Ni - C ternary phase diagram 
(<: 6.67 wt.% C, £ 20 wt.% Ni) has been determined at 1003 K, 923 K, 
873 K, and 773 K.  Specific heat treatments were developed to 
produce samples for determining each family of tie-lines.  Samples 
for determining a +  y tie-lines were quenched from the austenitizing 
temperature (1273 K) and then given a long term isothermal treatment 
at the temperature of interest.  Tie-lines in the a +  (Fe,Ni)„C and 
1003 K - y + (Fe,Ni) C phase fields and the <y + y +  (Fe,Ni) C tie- 
triangles were determined from samples which were cooled at 25 K/hr. 
from 1273 K to the temperature of interest and then treated iso- 
thermally for a specific length of time.  The lower temperature 
Y + (Fe,Ni)„C tie-lines were determined from samples which were 
cooled from 1273 K to 1003 K at 25 K/hr., held there for 24 hrs., 
then quenched to the temperature of interest and treated 
isothermally for a specific length of time.  All attempts to grow 
metal + carbide assemblages without the controlled cooling cycle 
technique produced metal and graphite. 
The tie-lines were determined from these samples using electron 
microprobe techniques.  In cases where the sample was fully equili- 
brated the composition of each phase defined a tie-line endpoint. 
In samples where bulk equilibration had not been achieved, tie-line 
endpoints were taken to be the extrapolated interface compositions, 
o 
on the assumption of local equilibrium at the interface. 
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All of the a  + (Fe,Ni) C alloys had the same morphology.  They 
were characterized by grain boundary carbides surrounded by a ferrite 
zone within a pearlite matrix.  The y  + (Fe,Ni),C alloys had one 
of two types of microstructure. Either they contained grain boundary 
carbides or island network, carbides in an austenitic (martensitic) 
matrix.  Low temperatures and high Ni content (10 - 15 wt.%) favored 
the island network structures.  The a + Y assemblages were all 
characterized by ferrite growing into an austenitic matrix.  Globular 
precipitates of a in y and a plessite structure were observed. 
Temperature and Ni content apparently govern the a + y morphology. 
The a +  v (Fe,Ni)„C alloys were characterized by a blocky structure 
of a  and y with the carbide forming at a/y   interfaces and also 
within pure a  and pure y. 
Q 
The Jost analysis  for phase growth was applied to a  growing 
in y and to grain boundary (Fe,Ni) C growing in y.  In both cases, 
growth rates compatable with observation could be obtained by a 
ternary tie-line shift.  A tie-line shift towards higher Ni contents 
and lower C contents was necessary to produce growth rates compatable 
with observation. 
Adding Ni to Fe-C alloys shifts the eutectoid transformation 
to lower temperature and lower carbon contents.  In the pure Fe-C 
binary the y  -* a +  Fe_C eutectoid reaction occurs at 996 K and 
0.77 wt.7o C.  Adding 6 wt.7o Ni shifts the decomposition reaction, 
Y - oi + y +  (Fe,Ni) C to approximately 948 K and 0.14 wt.% C. When 
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the bulk Ni content is increased, the y ~* «' + Y + (Fe>Ni)-C reaction 
occurs at 923 K and approximately 0.4 wt.% C and 903 K and approxi- 
mately 0.4 wt.% C at 8 wt.% and 10 wt.% bulk Ni content respectively. 
Increasing the bulk Ni also expands the <x + y  field.  Adding suffi- 
cient Ni, at least 6 wt.%,entirely eliminates the a +  carbide two 
phase field.  The addition of C to Fe-Ni alloys suppresses the 
Y ~* <y    + Y transformation to lower temperatures. 
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